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Pλ2 was modified with respect to alloying and processing in the attempt to enhance high-
temperature microstructural stability and mechanical properties. Alloying effects were modeled in 
ThermoCalc® and analyzed with reference to literature. ThermoCalc® modeling was conducted to 
design two low-carbon Pλ2-like low-carbon alloys with austenite stabilized by alternative alloying; 
full conversion to austenite allows for a fully martensitic structure. Goals included avoidance of Z-
phase, decrease of M23C6 phase fraction and maintained or increased M↓ phase fraction. Fine 
carbonitride precipitation was optimized by selecting alloying compositions such that all ↑ and Nb 
could be solutionized at temperatures outside the -ferrite phase field. A low-carbon alloy (LC) and a 
low-carbon-zero-niobium alloy (0Nb) were identified and fabricated. This low-carbon approach stems 
from the increased creep resistance reported in several low-carbon alloys, presumably from reduced 
M23C6 precipitation and maintained M↓ precipitation [1], although these low-carbon alloys also 
contained additional tungsten (→) and cobalt (Co) compared to the base Pλ2 alloy. The synergistic 
effect of Co and → on the microstructure and mechanical properties are difficult to deconvolute. 
Higher solutionizing temperatures allow more ↑ and Nb into solution and increase prior 
austenite grain size; however, at sufficiently high temperatures δ-ferrite forms. Optimal solutionizing 
temperatures to maximize ↑ and Nb in solution, while avoiding the onset of the δ-ferrite phase field, 
were analyzed in ThermoCalc®. Optical microscopy showed ThermoCalc® predicted higher δ-ferrite 
onset temperatures of 20 °C in Pλ2 alloys to nearly 50 °C in the designed alloys of the critical 
temperature. Identifying the balance where maximum fine precipitation is achieved and δ-ferrite 
avoided is a key factor in the design of an acceptable Pλ2-like alloy for Generation I↑ reactor 
cladding. 
Processing was further modified utilizing thermomechanical processing (TMP) simulations 
with the Gleeble® 3500. Hardness increased substantially in thermomechanically processed alloys, 
with increased hardness strongly correlating to decreased TMP temperature. The most significant 
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difference between low- and high- temperature thermomechanically processed specimens was an 
increase in crystallite size at the higher temperature. The fundamental reason for higher strength in 
the TMP conditions is higher dislocation density, as precipitate volume fraction was not specifically 
improved in TMP conditions. 
Thermal stability of the base Pλ2 and of the experimental alloys was analyzed by aging the 
alloys for times ranging from 500 to 10,000 h at 550, 600, 650, and 700 °C. Results suggest the 
hardness and thermal stability of LC is greater than that of 0Nb at lower aging temperatures and 
shorter times, with 0Nb surpassing LC microhardness at 10,000 h at 650 °C and for most conditions 
aged at 700 °C. Small- and wide-angle x-ray scattering (SA↓S/→A↓S) was conducted at Argonne 
National Laboratory (ANL). Atom probe tomography (APT) and scanning transmission electron 
microscopy high-angle annular dark field (STEM-HAADF) in conjunction with EDS were used to 
elucidate x-ray findings. These microstructural characteristics were then correlated with mechanical 
properties, including ↑ickers microhardness testing, elevated-temperature tensile testing, and creep 
rupture testing. The designed alloys exhibited less stable microstructures leading to less favorable 
mechanical potencies, as compared to the base Pλ2 alloy. It is posited that factors other than 
inclination towards M↓ over M23C6 precipitation are important in generating thermal stability and 
high-temperature strength, i.e. perhaps the solid solution or diffusion controlling effects of Co in the 
low-carbon variation of Taneike’s alloys [1] delay martensite recovery. The refined thermal profiles, 
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  CHAPTER 1
INTRODUCTION 
This investigation identifies alloying and processing techniques with the goal of increasing the 
high temperature mechanical properties of ferritic-martensitic (F/M) steels for nuclear reactor cladding 
applications. Generation I↑ reactor types and related temperature ranges are presented in Table 1.1. →ith 
a 100,000 h creep rupture life at 100 MPa and 620 °C, Pλ2 was identified as the base material. Nominal 
increases to temperature or stress tolerance would put the modified-Pλ2-like alloys in the high range of 
temperatures to service cladding needs for supercritical-water-cooled reactors or the low range of 
temperatures for cladding of molten salt reactors. An industry-wide goal is to increase service temperature 
of reactors to 650 °C for a lifetime of greater than 100,000 h, or about 12 years.  
Table 1.1 – Overview of Generation I↑ Reactor Designs [2] 
System Neutron Spectrum Coolant Outlet Temperature [°C] 
VHTR 
↑ery-high-temperature reactor Thermal Helium λ00 – 1000 
SFR 
Sodium-cooled fast reactor Fast Sodium 500 – 550 
SCWR 
Supercritical-water-cooled reactor Thermal/fast →ater 510 – 625 
GFR 
Gas-cooled fast reactor Fast Helium 850 
LFR 
Lead-cooled fast reactor Fast Lead 480 – 570 
MSR 
Molten salt reactor Thermal/fast Fluoride salts 700 – 800 
 
Precipitation hardening in F/M steels is important for mechanical properties, thermal service 
duration, and irradiation resistance while yielding little increase to production costs [3]. The primary 
requirements for application of F/M steels to nuclear reactors include stable nanoscale precipitates and 
stable dislocation sinks to trap fission gases that prevent swelling and protect grain boundaries [4].  
2 
Figure 1.1 shows elements of irradiation damage in λ-Cr normalized steel, including voids and grain 
boundary bubbles that can lead to grain boundary creep cavities and intergranular fracture [5], 
necessitating sinks such as dislocations and precipitates. An opportunity has been identified to investigate 
alterations in composition and processing of existing high-chromium ferritic martensitic steels that may 
enhance high temperature strength and creep resistance. This strategy aims to introduce larger volume 
fractions of stable nanoscale precipitates. A key assumption in the investigation is the greater stability, 
and thus usefulness, of M↓ precipitates over M23C6 precipitates, such as ↑N and Cr23C6, respectively, for 
high-temperature strength and microstructure stability. This stability is ultimately responsible for creep 
resistance, and thus is highly dependent on precipitate distribution and stability control. Alloying 
strategies such as lowering carbon (C) content and increasing manganese (Mn) content or other austenite 
stabilizers are considered in λ wt% chromium (Cr) alloys. The effects of various TMP routes are also 
explored for these alloy variations.  
 
Figure 1.1 Elements of irradiation damage in λCr normalized and tempered martensitic steels. For 
irradiation resistance, stable nanoscale features, such as dislocations and nanoscale 
precipitates that serve as sinks to disallow swelling from fission gas bubbles, are 
necessary [5]. (color image – see PDF copy) 
 
The objective of this project is to produce thermally stable precipitation-hardened steels with 
alternative processing strategies for nuclear reactor structural applications. Conventionally processed 
high-Cr F/M steels provide a cost-effective alternative to mechanically oxide-dispersion strengthened 
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steels for structural use in power plants. Further increasing high-temperature strength via alloy and 
process optimization should yield a rise in nuclear reactor efficiency and safety while decreasing the 
necessary material volume in reactors. An increase in time to rupture in a λ wt% Cr F/M steel has 
previously been obtained via a decrease to carbon content and the addition of cobalt  [6]. In radiation 
environments, however, Co is to be avoided as Co5λ is easily induced by neutrons to Co60, which poses 
health concerns [7]. Improved creep resistance has been obtained with the fine nitrides enhanced by 
lowering carbon, and creep resistance has also been shown to be enhanced with TMP [8], [λ], [10] and 
modified heat treatments [10],[11]. Modifications explored in this project include changes to composition, 
heat treatments, and the addition of a thermomechanical processing step. Criteria to assess the 
effectiveness of the modifications include creep rupture time, elevated temperature tensile strength and 
ductility, and microstructural stability of precipitates, i.e. the level of coarsening upon aging.  
 Research Questions 1.1
The understanding obtained from this investigation of microstructure-property-performance 
relationships can be used to tailor ferritic-martensitic steels to specific reactor applications. 
Thermodynamic and kinetic analyses, precise processing paths, and aging and tempering programs are 
investigated. The following research questions, based on alloy design and TMP routes, are addressedμ 
1. Can M↓ precipitation be enhanced while M23C6 precipitation is reduced through specific 
modifications in alloying and processing in high chromium F/M steels?  
2. Does promoting M↓ over M23C6 benefit high-temperature mechanical properties and 
microstructural stability in high chromium F/M steels?   
3. How do TMP and aging affect martensitic microstructure, specifically with respect to dislocation 
density and precipitation? 
A combination of simulations, formulation and characterization of processing strategies, and long-term 
experimental studies have been used to examine the microstructural and mechanical stability of these 
Pλ2-like alloys at high temperatures for extended times.  
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 Dissertation Outline 1.2
Chapter 2 reviews the current state of reactor cladding steels and the role of the phases found 
therein. Utilization of computer coupling of phase diagrams and thermochemistry (CALPHAD)-based 
modeling greatly abridges the alloy possibilities to acquire certain beneficial traits, whether these traits 
arise from changes to the alloying or the processing parameters. The basis of the assumption regarding the 
benefit of promoting M↓ precipitation over M23C6 precipitation is explained. Previous work with 
thermomechanical processing of pressure vessel steels and the effects of aging on these microstructures is 
likewise reviewed. Also, the utilization of wide- and small-angle x-ray scattering (→A↓S/SA↓S) for bulk 
precipitate analysis is discussed.  
Chapter 3 discusses the alloy design approach and how ThermoCalc® is utilized to design alloys 
with enhanced precipitation characteristics and some challenges experienced between modeling and 
fabrication. Chapter 4 summarizes the strategies for design of heat treatments and assessment of thermal 
stability. An aging matrix is presented, as are characterization strategies. Testing procedures and sample 
preparation methodology are likewise outlined.  Chapter 5 discusses optimization of heat treatments and 
the validation of thermodynamically calculated transformation temperatures with dilatometry and optical 
microscopy. The basis for using Gleeble® compression for thermomechanical processing simulations is 
demonstrated. Chapter 6 discusses the microstructural evolution of Pλ2 and the designed alloys during 
heat treatment and elevated temperature aging. Effects of processing and aging on microstructural 
features are discussed in detail. Chapter 7 addresses the effects of these parameters on mechanical 
properties, such as tensile properties and creep resistance. Chapter 8 links observed microstructural 
features to mechanical properties. Chapter λ summarizes these results and presents answers to the 
research objectives posed earlier, while Chapter 10 proposes routes for future work in this field. The 
appendices contain details regarding irradiation resistance of the alloys, Gleeble® 3500 programming and 
sample temperature and force profiles, →A↓S and SA↓S data analyses, additional electron and optical 
microscopy, and additional data relating to some of the figures in the body of the document. 
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  CHAPTER 2
LITERATURE REVIEW 
The general microstructure of λ%Cr F/M steels is discussed, alongside several limitations to their 
performance. Effects of aging are presented, and the expected precipitates are discussed. The rationale 
behind lowering carbon content in high chromium steels and the utilization of TMP are presented. 
Examples of employing →A↓S and SA↓S for bulk precipitate characterization are presented. 
 Effect of Cooling Rate on Resultant Microstructure in P92 2.1
Peñalba et al. [12] produced CCT curves for Pλ2, given in Figure 2.1. In a dedicated dilatometer, 
the Pλ2 samples were austenitized at 1050ºC for 30 min and then cooled at rates ranging from 10 ºC/s to 
50 ºC C/h (0.014 ºC/s). Microstructures produced at the various cooling rates were analyzed with light 
optical microscopy in samples etched with ↑ilella’s reagent. A cooling rate of 0.1 °C/s is necessary to 
form ferrite in this alloy, thus obtaining a fully martensitic structure is trivial and can be accomplished 
simply by air cooling. 
 
Figure 2.1 CCT curve for Pλ2 steel [12]. 
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 Microstructure of 9%Cr F/M Steels 2.2
Strength and creep resistance are derived from several sources in λ-12 wt% Cr steelsμ solid 
solution strengthening, boundary strengthening, dislocation substructure, M23C6 [Mμ Cr23, Fe21Mo2] 
precipitation at lath boundaries, and inter- or intra-granular M↓ [Mμ↑,Nb; ↓μ N,C] precipitation [13]. 
Prominent mechanisms of strength degradation during creep exposure include coarsening of precipitates, 
dissolution of carbonitrides and precipitation of a Z-phase that consumes existing M↓ precipitates, and 
recovery of the microstructure. At nuclear reactor service temperatures, the dislocation density decreases 
through recovery and precipitates, especially M23C6, coarsen. Coarsening of M↓ occurs at slower rates 
[14], [15]; thus, the rate of strength reduction at elevated temperatures may be reduced by promotion of 
M↓ precipitates over M23C6 precipitates. In the normalized and tempered condition, the strength of F/M 
steels comes from the dislocation density and boundary strengthening in the martensitic microstructure, 
dispersion strengthening by M↓ precipitates, and solid solution strengthening from tungsten (→) and 
molybdenum (Mo).  
Typical normalized λ-12 wt% Cr steel microstructure is characterized as a tempered martensite 
lath structure (TMLS), with M23C6 precipitates located on the packet/block/lath boundaries and M↓ 
precipitates distributed homogeneously throughout the TMLS [15], [16]. Figure 2.2a and Figure 2.2b 
show transmission electron microscope (TEM) extraction replicas from a λCr-2→-3Co steel normalized 
at 1050 °C for 30 min and tempered at 750 °C for 3 hours [16]. Dudko et al. [17] have shown that under 
high stress, short time creep tests to rupture, relatively large subgrains formed and dislocation density 
decreased within former laths in a Pλ2-type steel with the following composition in wt%μ 0.1C-0.17Si-
0.54Mn-8.75Cr-0.21Ni-0.51Mo-1.60→-0.23↑-0.07Nb. This dislocation recovery occurred alongside 
coarsening of M23C6 precipitates and precipitation of the Laves phase. These structural changes, occurring 
at the onset of the tertiary creep regime, were interpreted to result in a change in mechanism of grain 
boundary pinning by precipitates as particles coarsened to the point of detachment from boundaries, 
allowing lath and grain growth to continue unimpeded by these pinning particles. The change in 
mechanism is thus from grain boundary pinning to pinning pressure from randomly distributed particles 
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only. Retention of TMLS for a long service time is important for steel subjected to mechanical loads at 
high temperatures. The coarser M23C6 particles formed at what were presumably grain boundaries and 
M↓ carbonitrides at lath boundaries. 
 
(a) (b) 
Figure 2.2 TEM extraction replicas showing (a) M23C6 at presumed grain boundaries and (b) M↓ 
carbides in a λCr-2→-3Co steel tempered at 750 °C for 3 h [16]. 
Figure 2.3a-d shows electron backscatter diffraction (EBSD), scanning electron microscope 
(SEM), and TEM images of Pλ2 steel normalized at 1050 °C and tempered at 720 °C. Figure 2.3a shows 
the size of prior austenite grains to be approximately 20 m. Figure 2.3b shows the fine martensite 
substructure to be composed of martensite laths. Tempering at 720 °C resulted in multiple second phase 
particles; including M23C6 of approximately 110 nm at prior austenite grain boundaries and martensite 
packet/block boundaries, and M↓ of approximately 30 nm homogeneously distributed in lath interiors, as 
shown in Figure 2.3c and Figure 2.3d, respectively. This size and distribution is noted to be consistent 
with literature [18]. A uniform distribution of particles has been shown to stabilize TMLS under 
annealing and creep; deterioration of creep resistance is attributed to coarsening of TMLS. Boundary 
precipitates function to slow down boundary migration and keep the grain structure from recrystallizing, 






Figure 2.3 Characterization of Pλ2-type steel normalized at 1050 °C and tempered at 720 °C for 3 h 
shows (a) EBSD of martensite packets and blocks, (b) TEM of martensite laths, 
(c) optical microscopy of M23C6 precipitates at high-angle boundaries, and (d) TEM of 




Figure 2.4 shows pinning pressure as a function of creep strain for different precipitate types. The 
efficiency of boundary pinning depends on size and distribution of particles, with pinning pressure 
decreasing with increasing particle size [17]. Pinning pressure by boundary precipitates, such as M23C6 
and Laves phase, is reported to be significantly higher than the pressure from randomly distributed 
particles [17].  However, after plastic flow, this pinning efficiency was reported to have degraded 
continuously, coinciding with detachment of lath boundaries from the coarsening particles [17] and 
leading to a drastic increase in lath size and the onset of tertiary creep.  Boundary particles yield more 
pinning pressure than M↓ particles under creep but are prone to coarsening, whereas homogeneously 
distributed M↓ particles exhibit little change in pinning pressure under creep conditions. 
 
Figure 2.4 Schematic for Pλ2 steel shows pinning pressure versus creep strain for pinning by 




 Effects of Aging on Microstructure and Mechanical Properties 2.3
The time for λ-Cr F/M steels to rupture under stress at a common service temperature of 650 °C 
increases at lower C levels for Pλ2-like steels possessing 2.λ wt%→ and 3.0 wt%Co [6].  As carbon is 
decreased, the phase fraction of M23C6 decreases, while the phase fraction of M↓ is maintained. As a 
result, it is hypothesized that more fine M↓ precipitates form at boundaries, as those boundaries are not 
taken up by the larger M23C6 precipitates [1λ]. Lowering carbon does not decrease M↓ precipitation, 
because M↓ occurs predominantly as nitrides.  The creep rupture properties for the lower carbon alloys 
improve because M↓ precipitates are more coarsening resistant than M23C6 precipitates, and thus they pin 
boundaries more effectively during elevated temperature creep exposure. As carbon is an austenite 
stabilizer, decreasing carbon lowers austenite stability, necessitating further modifications to the alloy to 
maintain a fully martensitic starting microstructure. Fine precipitation can also be enhanced with the 
application of TMP, which increases the dislocation density, providing an increased number of precipitate 
nucleation sites.  
Strength and creep resistance are derived from several sources in λ-12 wt% Cr steelsμ solid 
solution strengthening, grain boundary strengthening, dislocation substructure, M23C6 precipitation at lath 
boundaries, and inter- or intra-granular M↓ or M2↓ precipitation [13]. This strength can be lost through a 
variety of mechanisms, including coarsening of precipitates and precipitation of phases that consume 
precipitates necessary for long-term creep resistance. The maximum temperature for cladding of sodium-
cooled fast reactors currently approaches 620 °C [11][20]. At these elevated temperatures, dislocation 
density decreases through recovery, and precipitates coarsen, especially M23C6 and Laves phase. 
Coarsening occurs at slower rates in M↓ [14], [15]; thus, the rate of strength reduction at elevated 
temperatures may be reduced by promotion of M↓ over M23C6 precipitates. 
Prominent mechanisms of strength degradation during creep exposure include dissolution of 
carbonitrides, precipitation of new phases, and recovery of the microstructure. Yan et al. studied the 
effect of aging on M23C6 size, lath width, dislocation density, and strength in a λCr-3→-3Co alloy [21], 
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the results of which are recreated in Figure 2.5. Aging at 700 °C greatly accelerated the coarsening of 





Figure 2.5 Effects of aging at 650 and 700 °C on (a) M23C6 size, (b) lath width, (c) dislocation 
density, and (d) strength in a λCr-3→-3Co martensitic alloy [21]. 
 
 Precipitation in 9-Cr F/M Steels 2.4
Several phases are important to the creep resistance of λ wt% Cr F/M alloys. Most notably, M↓ 
and M23C6 provide precipitate strengthening, which is supplemented by solid solution strengthening from 
→ and Mo. However, other phases can play a role in creep behavior as well.  The characteristics of 
precipitates commonly present in F/M steels are summarized in Table 2.1. 
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Table 2.1 – Introduction of Precipitates in λ-12 wt%Cr Steels [22] 
Phase Composition Characteristics 
M23C6 (Cr23, Fe21Mo2) C6 
• Precipitate strengthening 
• Effects on microstructure are dependent on amount, size, and 
dispersion of these precipitates 
• Stabilizes subgrain structure 
• Forms on grain and twin boundaries and intragranular sites 
• Coarsens easily leading to microstructure instability 
M↓ (↑,Nb) (N,C) 
• Precipitate strengthening 
• More coarsening resistant than M23C6 
Z-phase  Cr(↑,Nb)N,  forms on aging 
• ↑-rich core, consumes existing M↓ and M2↓particles 
• Leads to loss in creep resistance 
Laves Fe2→, Fe2 (Mo,Nb) 
• Promoted by → and Mo, which move from solid solution to Laves 
phase 
• High coarsening rate 
• Grows preferentially in δ-ferrite 
• Associated with cavity formation at δ-ferrite/ martensite 
boundaries when δ-ferrite is retained   
• Appears at prior austenite grain boundaries and packet boundaries 
after solutionizing at temperatures where -ferrite forms 
 
In the following sections, a summary of phases relevant to λ-12 wt% Cr steels, especially the Pλ2 
alloy currently used in many creep-sensitive applications, is reviewed, with emphasis on crystal structure, 
microstructure, and characterization techniques and their analyses. Key phases include M23C6, M↓ and 
M2↓, Laves phase, Z-phase, and δ-ferrite. Space groups and orientation relationships are provided 
alongside TEM, energy dispersive spectroscopy (EDS), x-ray diffraction (↓RD), EBSD, and convergent-




M23C6 is the predominant precipitate in most F/M creep resistant steels [23], and its effect is 
influenced by amount, size, and dispersion of precipitates. →hile the usual composition is Cr23C6, another 
possible composition of this phase is Fe21Mo2C6 [23]. Belonging to face-centered cubic space group Fm m (see Figure 2.6), with lattice parameter a=1.057 nm to 1.068 nm (about three times the size of 
austenite), its orientation relationship with the matrix is cube-cube [24]μ { }  ǁ { } ,  ǁ . This precipitate serves to stabilize the subgrain structure [25], thereby reducing 
creep that would otherwise be detrimental to nuclear reactor pressure vessels and similar applications.  
 
Figure 2.6 Schematic of M23C6 structure [25]. 
 
However, M23C6 coarsens more easily than many other microstructure stabilizing precipitates, 
resulting in larger diameters and smaller numbers of this precipitate and reducing microstructural 
stability. M23C6 is often found in early stages of tempering, precipitating on grain and twin boundaries 
[26]. It should be noted that boron (B) improves creep properties by delaying coarsening of M23C6 [27], 
[28] by forming . Since the composition of M23C6 changes during the course of elevated temperature 
service, TEM and EDS are especially useful to monitor the evolution of M23C6. Figure 2.7a-b reveal 
prominent precipitation of M23C6 along widely-spaced lath boundaries in Pλ2 steel. Figure 2.7c shows a 
representative diffraction pattern down the [123] zone, and Figure 2.7d further establishes these M23C6 
precipitates as Cr23C6 and Fe21Mo2C6. 
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(a) (b) (c) (d) 
Figure 2.7 M23C6 can be identified with a variety of techniques, including (a) bright field TEM, 
(b) dark field TEM, (c) selected area diffraction, and (d) energy dispersive 
spectroscopy. Arrows point to a M23C6 precipitate in this Pλ2 alloy [25]. 
 
2.4.2 MX 
→ith face-centered cubic space group Fm m [23], M↓ includes precipitates like NbN, NbC, TiN, 
and TiC, with lattice parameters 0.43λ, 0.447, 0.424, and 0.433 nm [23], respectively. The orientation 
relationship with the ferrite matrix is cubeμcube. A schematic of M↓ structure alongside TEM diffraction 
patterns are given in Figure 2.8(a-b). 
  
(a) (b) 
Figure 2.8 (a) Schematic of M↓ structure [25]  and (b) TEM diffraction patterns [2λ].  
 
M↓ precipitates occur with the addition of strong nitride or carbide formers– Ti, Nb, ↑, 
zirconium (Zr), and tantalum (Ta) [23]. Solution treating dissolves M↓; N, if left in solid solution during 
austenitization, is available during tempering for precipitation of fine M↓ carbonitrides. These M↓ 
precipitates form on dislocations and on stacking faults within the matrix, as well as on grain boundaries, 
preferentially in that order [23]. M↓ precipitates also stabilize the alloy against intergranular corrosion by 
tying up carbon atoms [25].  
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2.4.3 M2X 
Found as trigonal (R m ), cubic (Fd m), or tetragonal (P /mmm) [30] structures, the chromium 
and nitrogen rich M2↓ phase is comparable in coarsening resistance to M↓. This precipitate is found 
inside subgrains and martensite laths, and forms upon tempering at temperatures below 700 °C [23]. 
2.4.4 Laves Phase 
The tetragonal Laves phase, with hexagonal close packed (see Figure 2.λ) space group P63/mmc 
(a=4.73 Å, c=7.72 Å) [23], [24], can consist of Fe2→, Fe2(Mo,Nb), or variants thereof, and is generally 
stabilized by increased →. Often sulfur (S), phosphorous (P), and Cr are also present and might serve 
some purpose in the precipitation of the Laves phase. Proposed orientation relationships include ǁ  and ǁ  [23].  
 
Figure 2.λ Schematic of hexagonal Fe2→ Laves phase [25]. 
→hile creep resistance is improved by solid solution strengtheners → and Mo, these elements 
also promote formation of the intermetallic Laves phase, decreasing their effects on solid solution 
strengthening. So, while Laves phase provides precipitate strengthening, it removes → and Mo from 
solution and has a high coarsening rate; these competing behaviors leave the effects of Laves phase on 
creep resistance unclear. Figure 2.10a shows an EDS spectrum of Laves precipitates from a 
↓20CrMo↑12-1 steel (11.7Cr-0.84Mo-0.20C-0.15Si-0.61Mn-0.00λP-0.014S-0.25↑-0.011Al-0.65Ni). 
Mo and Fe peaks are especially prevalent, and the “Si” peak is likely actually a → peak; this 
concentration of Fe, Mo, and → is congruent with Laves phase as reported in other literature. STEM-
HAADF of these Laves precipitates is presented in Figure 2.10b; precipitates are spheroidal and 




Figure 2.10 (a) EDS of Laves phase particles [11]; and (b) STEM-HAADF micrograph of the gauge length 
of the ruptured material after 140,000 hours of creep exposure at 550 °C and 120 MPa, with 
bright Laves precipitates pointed out with arrows [11]. Material is ↓20CrMo ↑12-1 (11.7Cr-
0.84Mo-0.20C-0.15Si-0.61Mn-0.00λP-0.014S-0.25↑-0.011Al-0.65Ni) [11]. 
Formed during long-term creep exposure on grain and subgrain boundaries on M23C6, Laves 
phase is characterized by a high coarsening rate, dissolution of M2↓, Nb(C,N) and decrease of Mo and → 
in solid solution [25]. Yin et al. [31] found that on aging at 650 °C for 10,000 h, Laves phase precipitation 
depleted → and Mo in the matrix, and the conversion of M↓ particles into Z-phase particles decreased 
dispersion strengthening. Laves phase forms and grows preferentially in δ-ferrite as compared to in 
martensite and is associated with cavity formation at the δ-ferrite/martensite boundary when δ-ferrite is 
retained at service temperatures [23], [32].  The brittle intermetallic Laves phase decreases Charpy upper 
shelf energy but has little effect on creep rupture time as Laves phase replaces losses to solid solution 
strengthening by Mo and → [33]. The addition of Si and Cu can accelerate the precipitation of Laves in 
tempered martensitic steel [33].  
2.4.5 Z-phase 
Coarsening M↓ and M2↓ precipitates form the foundation for precipitation of Z-phase [34]. 
Z-phase is a tetragonal structure (Figure 2.11a) with a ↑-rich core occurring in steels with high N and Nb 
levels. This Z-phase consumes existing M↓ and M2↓ particles, leading to a loss in creep resistance. 
Z-phase has space group P4/nmm (a=0.3037 nm, c=0.72λ1 nm) [23] and a composition defined as 
17 
Cr2Nb2N2, or, more generally, (Cr,↑,Nb)N. Z-phase is highly unfavorable to creep properties, as it 
consumes creep-resistant microstructure-stabilizing M↓ precipitates, and itself coarsens relatively 
rapidly. Formation of Z-phase for a 12Cr↑NbN alloy is depicted in Figure 2.11a; chromium diffuses to 
existing niobium and vanadium nitrides and infuses itself into these precipitates, creating a Cr-coated 
(Nb,↑)N particle, finally leaching its way inside, and creating Z-phase [34]. This Z-phase is brought 





Figure 2.11 Z-phase is shown (a) in a schematic of its formation taking place. Typical transformation 
of (b) small and (c) large M↓ precipitates into Z-phase by in-diffusion of Cr in a 
12Cr↑NbN alloy after aging at 650 °C for 1,000 h. 
2.4.6 δ-ferrite 
Body-centered cubic and isomorphous with α-iron [36], δ-ferrite begins to form during 
solutionizing in excess of 1200 °C in λ-Cr steels [13]. Formation of Laves phase is more 
thermodynamically feasible in δ-ferrite due to the difference in solubility limits of tungsten between 
δ-ferrite and lath martensite [32]. Laves phase at δ-ferrite/martensite boundaries leads to cracking during 
creep testing of δ-ferrite-containing steels.  
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2.4.7 Review of Relevant Precipitates and Phases 
A review of crystal structures, components, orientation relationships, morphologies, size 
evolution, and locations in the martensitic matrix is provided in Table 2.2. M↓ coarsens more slowly than 
other prospectively optimizable precipitates, thus optimizing fine precipitation of M↓ is sought as a 
means of increasing creep and irradiation resistance. Strategies for the best methodology to thwart 
Z-phase precipitation are still under discussion, though several factors have been posited, the most 
obvious solution being to lower the levels of Nb, N, and Cr, i.e. the constituents of Z-phase. 
Table 2.2 – Review of Relevant Precipitates and Phases  
Precipitate M23C6 MX Laves (Fe2M) Z-phase (Cr2Nb2N2) 
Crystal 
Structure 
FCC (Fm m) 
 
a= 10.57 to 10.68 Å 
FCC (Fm m) 
 





a= 4.73 Å, c= 7.72 Å 
Tetragonal (P4/nmm) 
 
a= 3.04 Å, c= 7.3λ Å 
Components Mμ Cr 




some Mo, Nb 





{100)γ ǁ {100}M23C6 
<010>γ ǁ <010>M23C6 
cubeμcube 
{100)γ ǁ {100}M↓ 
<010>γ ǁ <010>M↓ 
(0001)Fe2Nb ǁ (111)γ 
(1010)Fe2Nb ǁ (110)γ 
(001)Z ǁ (001)γ 






Sphere-like Sphere-like Cuboidal or rodlike 
Size [37] 65-130 nm (↑N) 35-70 nm 65-130 nm 50-80 nm 
at 40kh creep [37] 
at 650°C, 98MPa 100-220 nm (NbC) 50-100 nm 300-4λ0 nm 60-200 nm 
Location 
[5, 17, 19] 
Precipitates on grain 
and twin boundaries 
Precipitates on 
dislocations within 
matrix, on stacking 













 Effects of Lowering Carbon Content on Creep Response and Precipitation 2.5
Taneike et al. [6] showed that decreasing carbon can dramatically increase creep rupture strength, 
as shown in Figure 2.12a, where time to rupture is plotted against carbon concentration for a Fe–λCr–
3→–3Co–0.2↑–0.06Nb–0.05N alloy carbon varied from 0.00 to 0.160 wt%. All of these alloys were 
normalized at 1100 °C and tempered at 800 °C. This increase in time to rupture was correlated to a 
decrease in M23C6 precipitation [6] by the authors. Figure 2.12b shows phase fraction as a function of 
carbon content. As carbon is decreased, phase fraction of M23C6 decreases while the phase fraction of M↓ 
is maintained; this is because M↓ precipitates are predominantly nitrides.  
  
(a) (b) 
Figure 2.12 (a) Time to rupture at 650 °C with an applied stress of 140 MPa versus carbon 
concentration for experimental high-Cr F/M steels produced with a range of carbon levels 
[6]. The time to rupture increases substantially at lower carbon levels. (b) ThermoCalc® 
plot of molar phase fraction versus C content shows that decrease in carbon is correlated 
to decreased M23C6 precipitation and maintained M↓ precipitation. 
Taneike et al. [1λ] showed later that fine M↓ nitrides precipitate densely on boundaries in steels 
containing 0.02 wt% C or less, as those boundaries are no longer taken up by the larger M23C6 
precipitates. These precipitate distributions are shown schematically in Figure 2.13a-c. →ith respect to 
mechanical properties, lowering carbon decreased the hardness after normalizing but did not significantly 
affect the hardness after tempering as measured by ↑ickers microhardness.  
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(a) 0 wt% C (b) 0.02 wt% C (c) 0.05-0.16 wt% C 
Figure 2.13 Typical precipitate distributions of M↓ and M23C6 for (a) a 0 wt% C alloy, (b) a 0.02 
wt% C alloy, and (c) 0.05 to 0.16 wt% C alloy [1λ]. Increasing carbon content is 
correlated with increased M23C6 precipitation, which occurs at grain boundaries. Limiting 
carbon allows fine M↓ precipitation at these boundaries. 
As carbon is an austenite stabilizer, decreasing carbon lowers austenite stability, necessitating 
further modifications to the alloy. Austenite stability can be promoted via additions of Mn, nickel (Ni), 
copper (Cu), cobalt (Co), and N [38]. Modifying elements relating to austenite stability can drastically 
influence precipitate volume fraction and solubility. According to Umantsev and Olson [3λ], the 
coarsening rates of precipitates in multicomponent systems are controlled by alloying elements with the 
largest molar fraction in the precipitate alongside the smallest solubility product and largest diffusivity in 
the matrix; Mn, Ni, Cu, and Co can cause coarsening and destabilization of precipitates, especially M23C6. 
Of the austenite stabilizers, Ni accelerates precipitate coarsening [40] and promotes helium (He) 
production under irradiation [5], [41]; and 5λCo bombarded with neutrons activates into 60Co, which poses 
health concerns. Decreasing ferrite stability can also be accomplished through the decrease of ferrite 
stabilizers such as silicon (Si), Cr, Mo, →, ↑, Nb, and aluminum (Al). Al is already avoided in order to 
prevent AlN formation. Chromium is necessary for high-temperature corrosion resistance. Mo and → are 
solid solution strengtheners and prominent constituents of Laves precipitation, either of which can have a 
positive impact on creep resistance [42].  
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2.5.1 Possible Effects of Cobalt on Taneike’s Alloys 
As cobalt is the only component included in Taneike’s study but not in the design of the low-
carbon steels for this fast-reactor application, additional notes regarding strengthening properties inherent 
in Co are notedμ 
The synergistic effect of Co and → on the microstructure and mechanical properties are difficult 
to deconvolute. It has been postulated that Co enhances the ferromagnetic ordering raising the Curie-
temperature and thus retards diffusion processes [42] because the diffusion coefficient of metal atoms is 
dependent on the Curie temperature [43]. So, the addition of cobalt can inhibit the growth of Laves 
precipitates, which is increased by increased →. Conversely, Co has also been shown to accelerate the 
kinetics of the nucleation and growth of alloy carbides responsible for secondary hardening. Thus, Co can 
promote the precipitation of Laves phase. Co provides solution strengthening and a cobalt-rich matrix can 
undergo short range ordering which would also contribute to strengthening. Another possibility is that Co 
integrates into M23C6, yielding a more coarsening resistant (Cr0.77Co0.15Mo0.08)23C6 [44]. Clearly, the 
contribution of Co and → are synergistic and important in the design of Co-containing λ%Cr F/M steels. 
Recall, however, that for this application, cobalt is avoided as upon neutron bombardment, 5λCo activates 
to 60Co. 
 Utilizing Thermomechanical Processing for Increase in Nanoscale Precipitation 2.6
A key strengthening mechanism in microalloyed steels is the precipitation of fine M↓ particles.  
Fine precipitation can be enhanced with the application of thermomechanical processing (TMP), which 
increases the dislocation density, providing an increased number of nucleation sites. Klueh [8] and Li [10] 
have shown an increase in creep rupture time of an order of magnitude through the application of TMP.  
Typical time to creep rupture is plotted for Pλ2 at different stress levels in Figure 2.14a. Time to rupture 
and precipitate size, as influenced by processing conditions used by Li [10], are plotted in Figure 2.14b. 
Decreased tempering temperature and addition of TMP independently decrease precipitate size and 
increase time to rupture; the effect is magnified when lower tempering temperatures are used in 
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conjunction with TMP. One limit to applying a lower tempering temperature is an associated increase in 
ductile-to-brittle transition temperature and decrease in upper shelf energy [45]. Another limit to low 




Figure 2.14 Time to creep rupture is plotted as it corresponds to (a) stress and application of 
thermomechanical processing [8], [10], [15], [46], [47] and (b) precipitate size and 
processing parameters, as adapted from Li et al. [10].  
 Wide- and Small-Angle X-ray Scattering for Precipitate Analysis 2.7
→ide- and small-angle x-ray scattering (→A↓S/SA↓S) utilize x-rays to characterize precipitation 
and texture. The Argonne 1-ID beamline uses a beam with a wavelength of 0.172λ7 Å and a beam size of 
0.1 x 0.1 mm2. High energy (71 ke↑) x-rays penetrate the entire 1-5 mm thickness of a sample, with 1-2 
mm being the ideal thickness for →A↓S/SA↓S for good resolution of the scattering vector and 
transmission. This energy is nearly 10x higher than the lower energy x-rays used in conventional x-ray 
diffraction (8 ke↑ for Cu-Kα). Full sample penetration means that results are not very sensitive to surface 
finish; samples are ready to be analyzed after they are cut. →ith a sample diameter of 10 mm, several 
measurements can be taken. Samples can be loaded into a container, such as a sample wheel, so that 
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Yoshizawaμ 1050°C (30min) / 770°C (2h)
Liμ 1050°C (30min) / 765°C (1h)
Li TMPμ 1050°C (30min) / λ3% red (650°C) / 650°C (1h)
Jiangμ 1070°C (3h) / 760°C (4h)
Abeμ 1100°C (30min) / 800°C (1h)
Kluehμ ModλCr1Mo* (HT not given)
Klueh TMPμ ModλCr1Mo* + TMT 750°C (HT not given)
P92 Creep Rupture Tests at 650 °C
* 9Cr1Mo: wt% Fe–9.0Cr–1.0Mo–0.20V–0.08Nb–0.05N– 0.10C
not given 
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multiple samples can be studied without repeated calibrations. At each position in the sample wheel, the 
number of measurements taken for analysis is based on the statistics required. Each →A↓S/SA↓S 
measurement takes on the order of 1-100 s depending on sample and statistical requirements.  
In →A↓S, different aspects of these peaks correlate to certain properties of each material. In 
these Pλ2-like alloys, higher peak intensities correspond to an increased volume fraction of 2-70 nm 
precipitates, while peak broadening can measure microstrain in the lattice. →ith SA↓S, changes in 
intensities and scattering angles of peaks can be correlated to precipitate size distribution and volume 
fraction. SA↓S analysis is conducted by modeling expected precipitation against the intensity (counts/s) 
versus scattering vector Q (1/Å) data and is a lengthy procedure where much must already be known 
about the microstructure. Transmission electron microscopy (TEM) is coupled in this study with →A↓S 
and SA↓S for a more complete bulk analysis of designed alloys.  
→ang et al. conducted in-situ →A↓S and SA↓S to study tensile behavior of Pλ1 at room 
temperature and 650 °C [48]. Full-width-half maximum (F→HM) of Fe and M23C6 peaks versus 
engineering strain are given in Figure 2.15a and Figure 2.15b, respectively. At room temperature, M23C6 
and Nb carbonitrides developed higher lattice strain than the Fe matrix, which →ang claimed as evidence 
of load transfer. At 650 °C, there was hardly any matrix-to-precipitate load transfer.  
SA↓S yields rapid results that can be interpreted by modeling possible fits to experimental data.  
A team at Argonne National Laboratory created packages specifically for this analysis [4λ]. These 
packages can be downloaded from the Argonne website and are loaded as macros into the →aveMetrics 
IGOR-Pro statistics software. The Nika package converts 2-D data to 1-D intensity versus scattering 
vector lineouts. Jemian’s addition to the program in the form of the maximum entropy method for size 
distribution analysis [50] is one of the more user-friendly tools in the Irena SAS analysis package. This 
maximum entropy (MaxEnt) method utilizes a constrained optimization of parameters which solve the 
scattering equation. ↓-ray scattering contrast dρ2 is the difference in mean electron densities between the 
matrix and the precipitate [51]; this scattering contrast factor affects calculated number and volume 
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fractions but not calculated precipitate diameters [52]. Figure 2.16a presents contrast factors reported by 
Jemian [52] for vanadium and niobium carbonitrides and for chromium carbides in steel at three different 
energies near the Cr-K absorption edge. Figure 2.16b presents calculated contrast factors for ↑C, ↑N, 





Figure 2.15 Evolution of F→HM of (a) Fe and (b) M23C6 peaks during (left) RT and (right) 650 °C 
tensile tests of Pλ1 [48]. 
  
(a) (b) 
Figure 2.16 Contrast factors for precipitates in steels (a) as calculated by Jemian [52] for three 
separate photon energies, in ke↑, and (b) as calculated for the photon energy used on the 
Argonne 1-ID beamline – energyμ 71.676 ke↑, wavelengthμ  0.172λ7 Å. 
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  CHAPTER 3
DESIGN AND FABRICATION OF EXPERIMENTAL ALLOYS 
Goals for modifying Pλ2 included increasing or maintaining the mass fraction of M↓, decreasing 
the mass fraction of M23C6, and avoiding Z-phase (CrNbN), while staying below the -ferrite phase field 
during normalization as the martensitic phase is more beneficial for creep resistance than a dual phase 
microstructure [13]. Both solid solution strengthening and strengthening from carbonitrides is important 
for creep strength in F/M steels [53]. These goals are addressed via a ThermoCalc® analysis, which was 
used to select initial experimental alloy compositions. 
Compositions were modeled, with promising alloys being fabricated, and heat treatments were 
modeled before being fine-tuned. ThermoCalc® was employed for this alloy design; two alloy directions 
were pursuedμ 
1. Low carbon (LC) seeks to take advantage of improvement in creep resistance observed by 
Taneike et al. [6]. The primary attribute of LC is the lowering of carbon from Pλ2 levels (0.10 
wt% C) to that of this new LC (0.01 wt% C). →ith this lowering of carbon, other elements require 
modification to maintain austenite stability and a single austenite phase field to allow for a fully 
martensitic microstructure upon cooling. Martensite leads to improved creep resistance as 
compared to a mixed δ-ferrite/martensite structure, where Laves phase forms preferentially in the 
δ-ferrite, leading to premature cracking. To facilitate acceptable austenite stability, the precise 
effects of lowering carbon in conjunction with increasing austenite stabilizer or decreasing ferrite 
stabilizers were modeled. A primary result of lower carbon is a decrease in precipitation of 
chromium carbides, leaving lath boundaries free for precipitation of the more coarsening-resistant 
M↓. Lowering carbon has little effect on the volume fraction of M↓ precipitation as these 
precipitates are predominantly nitrides.  
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2. Elimination of niobium (0Nb) allows for a lower driving force for Z-phase, whose precipitation 
consumes existing M↓ precipitates, decreasing creep resistance [54]. The primary attribute of 
0Nb is the lowering of niobium from levels in Pλ2 and LC (0.07 wt%Nb) to that of this new 0Nb 
alloy (0.00 wt%Nb). Austenite stability and promotion of M↓ over M23C6, as addressed in the 
design of the LC alloy, is included in 0Nb design as well. To maintain M↓ precipitation, ↑ must 
be increased to compensate for the loss in Nb carbonitrides. 
 Base Material 3.1
Grade Pλ2 steel in the normalized and tempered condition is the reference alloy in this study as it 
has already proven to be an acceptable material in current nuclear reactor applications. Pλ2 steel is a 
pressure vessel steel currently in use for nuclear reactor cladding. Two Pλ2 plates were received for 
testing. The composition of the fabricated alloys Pλ2-1 and Pλ2-2, as compared to Pλ2 composition limits 
[55], are given in Table 3.1.  
Table 3.1 – Allowable Composition Range for Pλ2 [55] and Composition of Base Pλ2 Materials 
 
 Alloy Design Approach with ThermoCalc® 3.2
Lowering carbon content in high-Cr F/M steels has been shown to drastically increase creep 
resistance [6], which has been correlated in ThermoCalc® to a decrease in M23C6 precipitation with 
minimal effect on M↓ precipitation [1λ]. Figure 3.1 presents predicted phase percents of M23C6, M↓, and 
Laves phase in Pλ2 with incrementally lower carbon content at 650 °C calculated in this work using the 
TCFE2 database. This temperature (650 °C) best simulates the goal service conditions, and thus the likely 
resultant long-term precipitate evolution behavior. 
wt% C Mn Si Ni Cr Mo Nb ↑ N S → O B 
Max 0.13 0.60 0.50 0.40 λ.50 0.60 0.0λ 0.25 0.07 0.010 2.00 -- 0.006 
Pλ2-2 0.10 0.41 0.08 0.31 λ.10 0.45 0.07 0.20 0.033 0.005 1.7λ 0.005 0.003 
Pλ2-1 0.08 0.40 0.0λ 0.25 λ.08 0.45 0.07 0.20 0.037 0.005 1.80 0.005 0.003 
Min 0.07 0.30 -- -- 8.50 0.30 0.04 0.15 0.03 -- 1.50 -- 0.001 
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Figure 3.1 Phase percents of Laves, M23C6, and M↓ in Pλ2 as a function of modified wt% carbon, as 
modeled with ThermoCalc® using the TCFE2 database. 
 
The low C necessary to bring about this change in precipitation behavior yields a large decrease 
in austenite stability, austenite stability which is necessary for subsequent transformation to martensite. 
Austenite stability is important as -ferrite is to be avoided because it is a key contributor to poor creep 
resistance [45]. Austenite stability with respect to δ-ferrite at elevated temperatures is reduced with 
decreased carbon content, but can be promoted via increases to austenite stabilizers or decreases to ferrite 
stabilizers. ThermoCalc® was used to identify effects of decreasing C alongside decreasing ferrite 
stabilizers → and Mo, increasing austenite stabilizers N and Mn, and increasing microalloying elements ↑ 
and Nb. Drawbacks to modifications of several alloying elements are noted in Table 3.2.  
Table 3.2 – General Effects of Alloying on Austenite Stability 
wt% C Mn Si Ni Cr Mo Nb ↑ N S → O B Fe 
Pλ2 
0.08 0.40 0.0λ 0.25 λ.08 0.45 0.07 0.20 0.037 0.005 1.80 0.005 0.0025 bal 
↓ ↑ ↓ ↑ ↓ ↓ ↓ ↓ ↑ -- ↓ -- -- -- 
 
↑ Up arrow indicates increase austenite stability by increasing element concentration 
↓ Down arrow indicates increase austenite stability by increasing element concentration 
(continued on next page) 
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Table 3.3 (continued) 
Color Effects of Modifying 
Green No obvious detriment to modifying (C, Mn) 
Orange Reduction in solid solution (Mo, →) or precipitate strengthening (Cr, Mo, →, Nb, ↑);  Or leads to coarsening of precipitates (Ni) 
Red Reduction in corrosion resistance with modifications (Cr) 
 
More specific possible modifications to the base Pλ2 alloy are noted in Table 3.4. Analyzed 
modifications to components include increases to N, Mn, Nb, and ↑, and decreases to Mo, →, and Nb. 
Potential benefits to these changes and the factors that limit increases or decreases to these components 
are compared alongside these possible modification ranges. Up arrows signify increases, down arrows 
signify decreases, and flat lines signify impartial effects. Decreasing the content of ferrite stabilizers – 
such as Mo, →, Nb, or ↑ – is of concern as these elements provide substantial solid solution and 
precipitate strengthening. Thus, an increase to austenite stabilizers – N and Mn – was selected as 
modifications to these elements are associated with the least obviously damaging aftereffects. 
Table 3.4 – Benefits and Drawbacks of Several Alloy Modifications 
Element Start Change (→t%) Benefits Limiting Factors 
Carbon 0.080 0.01 – 0.03  Creep rupture strength  Austenite stability 
Nitrogen 0.037 0.04 – 0.06  Austenite stability;   M↓ — Linked to Z-phase 
Manganese 0.40 1.40  Austenite stability — Banding possible 
Molybdenum 0.45 0.25 – 0.45  Austenite stability   Solid solution strengthening 
Tungsten 1.80 1.00 – 1.80 
 Austenite stability 
 Laves phase 
  Solid solution 
strengthening 
Niobium 0.07 
0.00 – 0.03  Z-phase   M↓;  Nb helps with TMP 
0.07 – 0.10  M↓;  Nb helps with TMP  Z-phase 
↑anadium 0.20 0.20 – 0.30  M↓ strengthening — Too much ↑ leads to  coarse carbonitrides 
2λ 
 ThermoCalc®-Based Alloy Design  3.3
3.3.1 Effects of Carbon on Phase Transformation Temperatures 
As noted earlier, decreasing carbon has been shown to increase creep resistance [6]. Figure 3.2a 
shows the effect of carbon content on phase transformation temperatures modeled using ThermoCalc® 
for a Pλ2 base composition; carbon was reduced from 0.08 to 0.01 wt% in 0.01 wt% steps. The austenite 
region collapses with decreasing carbon content to a field of incomplete austenitization under 
0.03 wt% C. The maximum percent of austenite as a function of wt% C is reported in Figure 3.2b. Less 
than 100% austenite transformation corresponds to a partially ferritic microstructure. 
   
(a) (b) 
Figure 3.2 (a) Intercritical temperatures are plotted to show regions of phase stability for Pλ2 
composition at carbon levels down to 0.01 wt% C. (b) Maximum amount of austenite 
formed as a function of wt% carbon. Decreasing carbon below 0.03 wt% yields only 
partial transformation to austenite.  
 
3.3.2 Augmenting Austenite Stability 
The effects of increasing austenite stabilizers (N, Mn) and decreasing ferrite stabilizers (→, Mo) 
as modeled by ThermoCalc® are presented below, again for a Pλ2 base composition lowered to 0.01 wt% 
C. Figure 3.3a shows that increasing N from Pλ2 levels of 0.037 wt% to 0.060 wt% yields near full 
conversion to austenite at 101λ °C and a decreasing Ae3 temperature at higher N levels, as seen in Figure 
P92 
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3.3b. Note that N content has little effect on intercritical temperatures related to the start of austenite 
conversion (Ae1) or the transformation to delta ferrite (T - ). Another modification that increases austenite 
stability is increasing Mn. Figure 3.4a-b shows that 1.00 wt% Mn yields full conversion to austenite 
between Ae3 of λ58 °C and T - , the temperature at which austenite starts transforming to δ-ferrite, of 
1055 °C. Figure 3.5a-b shows a similar effect from decreasing the ferrite stabilizer → from 1.80 to 1.40 
wt%. It should be noted that some increase to austenite stability can be accomplished via decreasing the 
ferrite stabilizer Mo; a decrease from 0.45 to 0.25 wt% Mo yields a decrease in Ae3 from 8λ6 to 877 °C. 
   
Figure 3.3 (a) Intercritical temperatures are plotted to show changes to regions of phase stability for Pλ2 
composition modified to 0.01 wt% C at nitrogen levels up to 0.10 wt% N.  
(b) Maximum amount of austenite formed as a function of wt% nitrogen. Increasing nitrogen 
to 0.06 wt% or above yields the possibility for complete transformation to austenite. 
Modifying microalloying element concentration has a noticeable effect on calculated austenite 
stability. For the Pλ2-1 baseline of 0.08 wt% C, an increase of Nb from 0.07 to 0.20 wt% yields an 
increase in Ae3 from 8λ6 to λ14 °C and a decrease in T -  from 1171 to 1143 °C. An increase from 0.20 to 
0.30 wt% ↑ yields an increase in Ae3 from 8λ6 to λ17 °C and a decrease in T -  from 1171 to 1148 °C. 
However, the modifications to these microalloying elements that would be needed to tailor sufficient 
austenite stability would drastically increase the temperature required to fully solutionize the vanadium 
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and niobium carbonitrides, leading to an ultimate decrease in observed fine precipitation, i.e. precipitation 
that occurs upon tempering. 
  
(c) (d) 
Figure 3.4 (a) Intercritical temperatures are plotted to show changes to regions of phase stability for Pλ2 
composition modified to 0.01 wt% C at manganese levels up to 1.00 wt% Mn. (b) Maximum 
amount of austenite formed as a function of wt% manganese. Increasing manganese to 1.00 
wt% or above yields the possibility for complete transformation to austenite. 
  
(a) (b) 
Figure 3.5 (a) Intercritical temperatures are plotted to show changes to regions of phase stability for Pλ2 
composition modified to 0.01 wt% C at tungsten levels down to 1.00 wt% →. (b) Maximum 
amount of austenite formed as a function of wt% tungsten. Decreasing tungsten to 1.60 wt% 
or below yields the possibility for complete transformation to austenite. 
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The effects on phase transformation temperatures from decreasing C to 0.01 or 0.02 wt% while 
increasing N and Mn are explored in Figure 3.6 for the Pλ2 base composition modeled with 
ThermoCalc®. For 0.01-0.02 wt% C and 0.037-0.05 wt% N, the austenite phase field can be extended by 
increasing Mn. Increasing C from 0.01 to 0.02 wt% has the same effect on austenite stability as increasing 
N from 0.037 to 0.05 wt%. A 0.01 wt% increase to either C or N raises the Tδ-γ by ~ 20 °C; increasing 
both C and N doubles this increase. Increasing Mn yields a large initial increase on austenite stability that 
decreases with additional increments to Mn.  
 
Figure 3.6 Phase transformation temperatures near the austenite phase field are plotted for 0.40 to 1.40 
wt% Mn. Alloy variations include 0.01-0.02 wt% C and 0.037-0.050 wt% N. These alloy 
variations were assessed for the Pλ2 base composition. 
3.3.3 Effects of Alloying on Modeled Precipitation 
As a caveat to this section, the reference databases in the tempering range are increasingly 
uncertain as the temperature drops farther below 1000 °C. Decreasing carbon has been correlated with a 
decrease in precipitation of M23C6 carbides [24], a finding corroborated as an initial step to this 
investigation. Figure 3.7a-c shows the effects of modifying carbon from 0.08 to 0.01 wt%, for an 
otherwise Pλ2 composition, on precipitation mass percent for several temperatures near the typical 
tempering region for Pλ2 steel, and Figure 3.7d gives the approximate compositions of these precipitates; 
it should be noted that these precipitate compositions are insignificantly different at the different carbon 
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concentrations. Upon decreasing carbon from 0.08 (Pλ2 level) to 0.01 wt%, the mass percent of M23C6 
falls from 1.50 to 0.15 mass pct, M↓ remains constant at 0.23 mass pct, and Laves phase increases by 
about 0.30 mass pct depending on tempering temperature.  
  
(a) (b) 
    
(c) (d) 
Figure 3.7 Modifying Pλ2 carbon content from 0.08 to 0.01 wt% C is plotted against (a) mass percent 
M23C6, (b) mass percent M↓, and (c) mass percent Laves phase; for temperatures of 600 to 
850 °C, Laves phase percents overlap at 0.00.  (d) Compositions of Laves phase, M23C6, and 
M↓ are given in mole percent, for Pλ2. M23C6 is given at multiple temperatures as 
composition varies linearly with temperature, while the composition of Laves and M↓ 
precipitates are relatively independent of temperature, according ThermoCalc® modeling, at 
the possible tempering temperatures. 
P92 
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Figure 3.8, Figure 3.λ, and Figure 3.10 plot the effects of nitrogen, molybdenum, and 
microalloying elements vanadium and niobium, respectively, on precipitate fractions over a range of 
temperatures below the start of austenite transformation. Increasing nitrogen and manganese content was 
previously predicted to increase austenite stability. Figure 3.8a-d shows the effect of increasing nitrogen 
from 0.037 to 0.100 wt% on precipitate mass percent at a carbon content of 0.01 C wt% for the otherwise 
Pλ2 composition. Increasing nitrogen up to 0.060 wt% yields an increase in M23C6 and M↓ precipitation 
on the order of 0.05 and 0.10 mass pct at 650 °C, respectively, while not changing the amount of Laves 
phase precipitation. At nitrogen levels greater than 0.060 wt%, carbide mass percent decreases as a HCP 
Cr2N phase precipitates. It is noted in literature that the Z-phase often forms preferentially to Cr2N, 
despite the ThermoCalc® predictions [23], and thus Cr2N should be avoided. Modification of Mn content 
is not predicted to show an appreciable effect on precipitation. 
Lowering tungsten and molybdenum content was also predicted to increase austenite stability. As 
seen in Figure 3.λ, decreasing Mo yields a slight decrease in Laves phase. Modifications to Mo produce 
insignificant changes in the mass fractions of M23C6 and M↓. Decreasing Mo also yields a decrease in 
solid solution strengthening.  
Increasing microalloying elements Nb and ↑ was explored as a means of increasing M↓ 
precipitation, as minor modifications yield little difference in austenite stability. Evaluated at the Pλ2 
composition, including 0.08 wt% C, Figure 3.10a-b shows the effects of increasing Nb or ↑ on mass 
percent of M23C6 and M↓ precipitates at temperatures that would simulate tempering. A composition of 
0.08 wt% C was used to conserve adequate austenite stability; recall that M↓ particles are predominantly 
nitrides and are relatively independent of carbon content. Increasing Nb from 0.07 (Pλ2 level) to 0.20 
yields a large decrease in M23C6 and a corresponding increase in M↓, on the order of 0.30 and 
0.20 mass%, respectively. Increasing ↑ from 0.20 (Pλ2 level) to 0.30 wt% yields a smaller decrease in 
M23C6 and increase in M↓, on the orders of 0.10 and 0.05 mass%, respectively. Nb and ↑ modifications 







Figure 3.8 Modifying Pλ2 to 0.01 wt% C with nitrogen varied from 0.037 to 0.10 wt% N is plotted 
against (a) mass percent M23C6, (b) mass percent M↓, (c) mass percent Cr2N, and (d) mass 









Figure 3.10 Effects of increasing Nb or ↑ wt% from Pλ2 levels of 0.07 to 0.20 and 0.20 to 0.30, 
respectively, on mass percent of (a) M23C6 and (b) M↓. 
M↓ solubility is an important concern when considering alloying modifications and solutionizing 
treatments. It is necessary to solutionize all or most of the precipitates during austenitization, so a fine 
precipitate distribution forms during tempering. Figure 3.11a shows the mass% M↓ present, i.e. not in 





stabilized by varying nitrogen and carbon contents for an otherwise Pλ2 composition. Increased nitrogen 
content leads to less M↓ going into solution at lower temperatures, whereas decreased carbon content has 
this same effect, but to a lesser extent.  
Figure 3.11b shows the wt% M↓ present for 0.01 vs. 0.08 wt% C at 0.07 vs. 0.20 wt% Nb, the 
M↓ present here representing the vanadium carbonitrides not going into solution at these temperatures. A 
tempering temperature of 720 °C assures full precipitation upon tempering, as M↓ is essentially fully 
precipitated in ThermoCalc® simulations at temperatures below λ00 °C. The M↓ present at 720 °C is 
given in the italicized text on the far left of the image, for comparison with that present at the possible 
solutionizing temperatures. Lower carbon leads to an increased presence of unsolutionized M↓ at 
temperatures near 1300 °C. This higher temperature behavior is likely due to a loss in austenite stability at 
lower carbon concentrations. At lower temperatures, e.g. less than λ00 to approximately 1120 °C, 
increased carbon leads to more unsolutionized M↓, but only for the 0.20 wt% Nb condition. At lower 
temperatures, the higher carbon and increased niobium appear to lead to increased incidence of niobium 
carbides, which may be the reason behind this increased quantity of M↓ that refuses to go into solution. 
From these graphs, the most important general trends includeμ 
 Lowering carbon slightly increases the temperature at which M↓ goes into solution. 
 Increasing nitrogen or niobium significantly increases the necessary solutionizing temperature to get 
all of the ↑ and Nb into solution. 
Increasing Nb to 0.20 wt% allows for an increase to mass fraction of M↓ and decrease to mass fraction of 
M23C6 with limited effects on austenite stability. However, this additional Nb significantly increases the 
temperature at which M↓ goes into solution, and the solutionizing temperature would be in the δ-ferrite 




Figure 3.11 M↓ solubility is analyzed as a function of solutionizing temperature with respect to (a) 
various carbon and nitrogen levels and (b) various carbon and niobium levels. M↓ present at 
a tempering temperature of 720 °C is provided in italics on the far left of the plot. These 
calculations are for a 0.20 wt% ↑ condition. 
As Z-phase is closely linked to Nb, removing Nb was explored as a means of eliminating this 
problematic precipitate. To maintain M↓ volume fraction, ThermoCalc® analysis was conducted to 
determine an optimum increase to vanadium to offset a decrease to niobium. The results are shown in 
Figure 3.12, with obtainable wt% of fine M↓ precipitates plotted as a function of wt% ↑ for a 0.01C-
1.4Mn-0.06N-0Nb alloy. Fine M↓, again defined as M↓ present at temper minus that already present at 
the solutionizing temperature, for this alloy was found to be optimized at 0.25 wt% ↑. The 0.2λ wt% 
fine M↓ modeled in this condition is compared to the 0.25 wt% fine M↓ in the Pλ2 and LC alloys. Fine 
M↓ decreases with increasing vanadium content beyond 0.25 wt% ↑ as less of this vanadium is allowed 
to go into solution. Of initial interest is whether elimination of Nb yields a significant decrease in 
strength, even with the corresponding increase in ↑ calculated to maintain the level of M↓ precipitation.  
3λ 
 
Figure 3.12 →eight percent obtainable fine M↓ as a function of wt% vanadium for a 0.01C-1.4Mn-
0.06N-0Nb alloy. Solutionizing temperature is assumed to be Tγ-δ and tempering 
temperature 750 °C. It should be noted that Cr2N (indicative of increased likelihood of Z-
phase) was present at 0.20 ↑ and not at the higher concentrations of ↑. 
 Target Alloy Compositions 3.4
Decreasing C from 0.08 to 0.01 wt% substantially decreases mass fraction of M23C6, while having 
little effect on M↓ and slightly increasing mass fraction of Laves phase. The decrease in M23C6 while 
maintaining mass fraction of M↓ has been correlated to greatly increased creep resistance [6] and 
prompted this alloy modification. Increasing N also brings about increased mass fractions of M23C6 and 
M↓, up to 0.06 wt%N, whereupon these phases decrease in mass fraction at higher N levels as the N can 
be taken up by the Cr2N that is a precursor Z-phase. Increasing N to 0.06 wt% thus appears to be a 
possible way to increase austenite stability and mass fraction of precipitates. Increasing Mn to 1.00 wt% 
or beyond is an inexpensive way to stabilize the austenite without significantly affecting precipitation. 
Manganese is, however, associated with banding, a result of remnant interdendritic segregation [56], 
which could pose difficulties with homogeneity. 
→ith ThermoCalc® studies complete on the effects of various elements on austenite stability and 
precipitate mass fractions, two key observations in literature were brought into playμ (1) lowering carbon 












Fine M↓ = [M↓ at Temper] - [M↓ at Solutionize]
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can drastically increase creep rupture strength [6], and (2) eliminating niobium could result in the 
elimination of Z-phase [54]. These findings led to the following targets for the two alloys directionsμ 
(1) LCμ  0.01 C, 1.40 Mn, 0.06 N 
(2) 0Nbμ  0.01 C, 1.40 Mn, 0.06 N + 0.00 Nb, 0.25 ↑ 
The target compositions are provided in Table 3.5. The low carbon (LC) alloy was designed to take 
advantage of the increase to creep resistance from low carbon without forsaking austenite stability or 
allowing uncontrolled precipitation of Z-phase. Austenite stability was supplemented by an increase in 
Mn and N contents, while the increase in N was kept low enough to avoid obvious complications 
involving Z-phase. Modifications to the LC alloy as compared to Pλ2 include lowered carbon, increased 
nitrogen, and increased manganese. Precipitation in the 0Nb alloy was augmented with vanadium to 
maintain M↓ precipitation while combatting Z-phase initiation by forsaking niobium. 
Table 3.5 – Target Chemical Compositions of the Designed Alloys 
wt% C Mn Si Ni Cr Mo Nb ↑ N S → O B 
LC 0.01 1.40 0.0λ 0.25 λ.08 0.45 0.07 0.20 0.060 0.005 1.80 0.005 0.0025 
0Nb 0.01 1.40 0.0λ 0.25 λ.08 0.45 0.00 0.25 0.060 0.005 1.80 0.005 0.0025 
 
 
 Fabrication of Experimental Alloys 3.5
The experimental alloys were fabricated at the National Energy Technology Laboratory. 
Compositions were identified as having high nitrogen levels, possibly higher than could be produced. A 
methodology of using ThermoCalc® to ascertain the likelihood of solutionizing a high quantity of 
nitrogen [57] was employed. Figure 3.13a-b shows phases present as a function of nitrogen content for 
Pλ2 and LC alloys. The label “GAS” points out the wt% N predicted by ThermoCalc® to result in 
porosity at melt temperatures due to formation of nitrogen gas; the liquid-gas boundaries for LC and Pλ2 
are plotted vs. wt% N in Figure 3.13c. The results suggest difficulty avoiding porosity using nitrogen 
levels in excess of 0.04 wt%; recall that the designed alloys called for a nitrogen content of 0.06 wt%. 
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As ThermoCalc® results were with respect to equilibrium conditions, the proposed compositions 
were cast to investigate if non-equilibrium high-nitrogen levels could be achieved with limited porosity. 
Figure 3.14 shows a photo of the hot top portions of the cast Pλ2 and LC alloys. Porosity was restricted to 





Figure 3.13 Phases present at temperatures as a function of wt% N as calculated using ThermoCalc® 
TCFE7 for the (a) Pλ2 alloy and (b) LC alloy. (c) Temperature vs. wt% N showing the 
phase boundary between liquid and gas for the Pλ2 and LC alloys. 
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Figure 3.14 Photo of Pλ2 (left) and LC (right) hot tops. Porosity was limited to these tops.  
The actual chemical compositions of the designed alloys, as received from NETL, are given in 
Table 3.6. Note that these are the compositions used for all further ThermoCalc® calculations. Two 
compositions are shown for Pλ2 because two separate heats of this alloy were received. 
Table 3.6 – Chemical Compositions of the Four Experimental Alloys 
wt% C Mn Si Ni Cr Mo Nb ↑ N S → O B 
Pλ2-1 0.0800 0.40 0.0λ 0.25 λ.08 0.45 0.07 0.20 0.0370 0.005 1.80 0.005 0.0025 
Pλ2-2* 0.1011 0.41 0.08 0.31 λ.10 0.45 0.07 0.20 0.032λ 0.005 1.7λ 0.005 0.0025 
LC 0.0148 1.40 0.0λ 0.31 λ.16 0.46 0.08 0.20 0.0495 0.005 1.85 0.007 0.0024 
0Nb 0.0130 1.40 0.10 0.32 λ.15 0.46 0.00 0.26 0.0535 0.006 1.84 0.010 0.0024 
 
* Pλ2-2 was fabricated for additional base material; both Pλ2 heats are within ASTM standards [55] 
 
Heat treatments were designed using a combination of ThermoCalc® and relevant literature. 
Figure 3.15 shows the effects of temperature on equilibrium precipitate mass fractions for Pλ2-1, Pλ2-2, 
LC, and 0Nb, calculated using the TCFE2 database. Note that at the temperatures capable of maintaining 
a fully austenite microstructure, not all of the M↓ goes into solution, even at equilibrium. This incomplete 
dissolution of M↓ is especially evident at the standard (for Pλ2) 1050 °C solutionizing temperature that 
was necessitated for avoidance of δ-ferrite in LC and 0Nb; several coupons of Pλ2 were austenitized at 
1050 °C for a more direct comparison to the LC and 0Nb alloys. The general temperature used for 
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optimal solutionization of Pλ2 was eventually established at 1170 °C. Phase percents and compositions of 
these phases present at the median goal tempering temperature of 700 °C are presented in Table 3.7. NbC 
virtually vanishes in LC and 0Nb, and M↓ in LC and 0Nb reaches a volume fraction greater than found 





Figure 3.15 ThermoCalc® results for (a) Pλ2-1, (b) Pλ2-2, (c) LC, and (d) 0Nb in a log scale of phase 
mass percent versus temperature for phases and temperatures relevant to heat treatments, 




























Table 3.7 – Percents and Compositions of the Matrix, M↓, and M23C6 for Pλ2, LC, and 0Nb at 700 °C,  
as Modeled with ThermoCalc® 
Phase Martensite/Ferrite M↓_Aμ (Nb,↑)C M↓_Bμ (↑,Nb)N M23C6 
Phase% in Pλ2 96.0 0.031 0.20 1.90 
Composition  Fe 2λ.3 Nb 84.3 ↑ 60.5 Cr 57.5 
(wt%) Cr 8.2 C 10.λ Nb 21.7 Fe 18.5 
 → 1.3λ ↑ 3.λ2 N 16.3 Mo λ.8 
 C 0.0004 N 0.22 C 1.32 → 8.8 
 ...  → 0.27 Cr 0.15 C 4.λ8 
 Mn 0.40 Cr 0.1λ Fe 0.04 Mn 0.3λ 
 Ni 0.32 Mo 0.20 
 
 Ni 0.04 
 Mo 0.27 Fe 0.0006 
 
 ↑ 0.04 
 Si 0.08 
      
 ↑ 0.08 
      
 
Nb 0.00 
      Phase% in LC 98.7 Not present 0.29 0.25 
Composition Fe 87 
  
↑ 56 Cr 5λ 
(wt%) Cr λ.1 
  
Nb 27 Fe 17.1 
 → 1.44 
  
N 17.1 Mo 10.4 
 C 0.0004 
  
C 0.06 → 8.0 
 ...  
  
Cr 0.22 C 5.0 
 Mn 1.3λ 
  
Fe 0.02 Mn 0.λ6 
 Ni 0.31 
   
 Ni 0.04 
 Mo 0.40 
   
 ↑ 0.01 
 Si 0.0λ 
      
 ↑ 0.04 
      
 
Nb 0.00 
      Phase% in 0Nb 98.7 Not present 0.27 0.24 
Composition  Fe 87   ↑ 80 Cr 5λ 
(wt%) Cr λ.1 
  
N 20 Fe 17.1 
 → 1.45 
  
C 0.2λ Mo 10.4 
 C 0.0004 
  
Cr 0.12 → 8.0 
 ...  
  
Fe 0.25 C 5.0 
 Mn 1.3λ 
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  CHAPTER 4
EXPERIMENTAL METHODS 
Dilatometry, heat treatment design and procedure, and thermomechanical processing simulations 
are explained. An aging matrix is identified, and a range of analysis techniques is discussed, including 
scanning and scanning transmission electron microscopy, small- and wide-angle x-ray scattering, and 
atom probe tomography. 
 Dilatometry for Improved Optimization of Heat Treatments 4.1
→hile ThermoCalc® provided initial estimates on the effects of modifications to alloying 
elements on phase transformations and precipitation, dilatometry uses deviations from linear expansion 
due to phase changes to determine the actual (inter)critical temperatures. Dilatometry works by measuring 
the expansion of a specimen under a thermal cycle, where deviation from linear expansion correlates to a 
phase change, in this case from BCT martensite to FCC γ-austenite to BCC -ferrite upon increases to 
temperature. 
The initial change from BCT to FCC results in contraction; this is due to the increase to atomic 
packing factor, which corresponds to a change from 68% to 74% packing efficiency. The slope 
statistically deviates, negatively, from linear at the temperature (A1) where α-ferrite begins to transform to 
γ-austenite. The slope subsequently increases and again becomes linear at the temperature when the 
microstructure has become fully austenitic (A3), i.e. after the completion of the transformation from the 
BCT martensitic to FCC austenite. Dilatometry was used to compare ThermoCalc® predictions for A1 
and A3 to the experimentally determined austenite start and finish temperatures. Dilatometry was initially 
performed on Pλ2-1 to ascertain differences between ThermoCalc® predictions and actual critical 
temperatures and the Ms temperature.  
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4.1.1 Los Alamos National Laboratory Dedicated Dilatometer 
The base Pλ2-1 material was analyzed with the LANL dilatometer. The specimen geometry is 
given in Figure 4.1. The thermal cycle for the first run is given in Table 4.1. Further runs were performed 
after the initial analysis, including  
(a) An identical run but with a 10 minute hold time at 750 °C to analyze effects of holding time on 
enhancing thermal equilibrium upon heating to higher temperatures,  
(b) The same 10 minute hold at 750 °C and then an increase in temperature from 750 °C to 1200 °C to 
include the -ferrite region,  
(c) A run at a slower 2 °C/min rate to analyze effects of allowing longer equilibrating time, and 
(d) This same cycle described in Table 4.1, for the designed alloys. 
 
Figure 4.1 LANL dilatometry specimen geometry. Flat ends are pressed against platens, the 
expansion against which provides the necessary strain data to determine phase changes. 
Table 4.1 – Initial Thermal Cycle for LANL Dilatometry  
Condition Temperature or Rate Provides 
Initial Heat 5 °C/s  
Start Temperature 700 °C  
Increment 5 °C/min A1, A3 
Finish Temperature 1000 °C  
He Quench to RT Ms 




4.1.2 Gleeble® 3500 Laser Dilatometry 
Dilatometry was also conducted at CSM with the Gleeble® 3500 laser dilatometer; the specimen 
geometry is given in Figure 4.2. A slightly truncated thermal cycle from that mentioned in Table 4.1 was 
used as for LANL dilatometry. The Gleeble specimen diameter is significantly larger at 8 mm, as 
compared to 3 mm for the LANL specimens, which could lead to an increased deviation relating to time 
to temperature equalization, owing to the increased distance between the thermocouple and the center of 
the sample. As A1 and A3 temperatures were narrowed via earlier procurement of LANL dilatometry 
results, the thermal cycle was shortened to include a more relevant temperature range. Parameters for the 
thermal cycles used for CSM dilatometry are provided in Table 4.2.  
As the Gleeble® 3500 works by monitoring deviation in diameter by laser as temperature is 
increased, a consistent cylindricity was required in the specimens; therefore, the runout allowance in the 
machined specimens is 0.002 in [0.05 mm], seen in the lower right of Figure 4.2. Dilatometry 
programming for samples run in the Gleeble® 3500 is given in Appendix B. 
 
Figure 4.2 Gleeble® 3500 dilatometry specimen geometry – 8 mm in diameter by λ0 mm long. 
The condition “A1 and A3” was designed to determine the A1 and A3 temperatures for 
comparison to LANL results. “Tdf – A” was designed to determine the T -  temperature. “Tdf – B” is the 
modified version of “Tdf – A” expanded to include a larger range of linear expansion in the austenite 
before the phase change region. “1050 Hold” was designed to ascertain the time necessary for 
austenitization.  
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Table 4.2 – Heating Schedules for Dilatometry Performed by Gleeble® 3500 
Condition Runs Thermal Cycle 
A1 and A3 2 
Heat to 750 °C (250 °C/min) 
Heat from 750 °C to 1000 °C (5 °C/min) *  
Natural Cool to RT 
Tdf -A 2 
Heat to 1100 °C (550 °C/min)  
Heat from 1100 °C to 1250 °C (5 °C/min) * 
Natural Cool to RT 
Tdf -B 1 
Heat to 1000 °C (500 °C/min)  
Heat from 1000 °C to 1250 °C (5 °C/min) * 
Natural Cool to RT 
1050 Hold 1 
Heat to 1050 °C at 250 °C/min 
Hold at 1050 °C for 1 h 
Natural Cool to RT 
* 5 °C/min is the ASTM standard [58]. 
 
 Heat Treatment Procedure 4.2
Samples of each alloy were cut to 1 cm x 1 cm x 1cm heat treatment blocks. These blocks were 
placed in stainless steel bags with a small piece of titanium for an oxygen getter. These bags were then 
filled with argon and folded tightly shut. Box furnaces were used to heat the samples. This procedure is 
illustrated in Figure 4.3. 
 
Figure 4.3 Procedure for using heat treatment bags. Sample and a titanium getter are placed in the 
stainless steel bag; argon is subsequently flowed into this bag, and the bag is folded over 
twice and hammered closed.  
4λ 
Heat treatments are designated by solutionizing temperature and tempering temperature. In all 
cases, samples are solutionized at the given temperature for 40 minutes, allowed to air cool, and tempered 
at the given temperature for 1 hour and again allowed to air cool. For example, Sample 1050/650 was 
normalized at 1050 °C for 40 minutes and tempered at 650 °C for 1 hour. Designed heat treatments 
includeμ 1050/650, 1050/6λ0, 1050/730, and HiSoln/730. The HiSoln solutionizing temperature is defined 
as five degrees below the temperature calculated by ThermoCalc® to mark the beginning of the -ferrite 
region in that alloy. The finalized heat treatment as compared to intercritical temperatures is given in 
Figure 4.4a-c. Further discussion of optimization of this heat treatment is provided in Chapter 5. 
  
(a) (b) 
Figure 4.4 The standard heat treatment for the experimental alloys, (a) Pλ2, and (b) LC and 0Nb, is 
presented. Pλ2 was processed with an austenitizing temperature of 1170 °C to allow for 
fuller solutionizing of M↓ precipitates. Only Pλ2 was normalized at this higher 
temperature as the designed alloys exhibited significantly lower Tγ-δ’s. 
 Thermomechanical Processing 4.3
Thermomechanical processing (TMP) can be simulated using compression testing in the 
Gleeble® 3500. Expected effects of TMP on microstructure include pancaking of austenite grains, an 
increased dislocation density and thus increased number of sites for fine precipitate nucleation, and the 
possibility of dynamic precipitation upon TMP. This pancaking and enhanced precipitation at dislocations 
is depicted in Figure 4.5.  
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Figure 4.5 Thermomechanical processing is expected to yield pancaking of austenite grains and 
enhanced precipitation with increased dislocation density. 
4.3.1 Simulating TMP via Gleeble® 3500 Compression 
Several coefficients are used to determine the validity of compression experiments [5λ]; 
equations for the calculations of commonly used coefficients are given below, as Equations 4.1, 4.2 and 
4.3. Figure 4.4 shows schematically what these coefficients represent. 
Barreling Coefficientμ 
 B = h dh d  4.1 
Ovality Coefficientμ 
 O = d  / d  4.2 
Height Coefficientμ 
 H = StDev  h / h  4.3 
 
 
Figure 4.6 Effect of compression on sample geometry. Note that actual values vary, but that 
barreling occurs to some extent in all samples. Ovality occurs through material 
texturing. Height is concerned with parallelism of specimen deformation and is the 
parameter that can completely invalidate a compression test.   
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Barreling occurs when a sample bulges out at the middle under compression and is caused by 
friction at the specimen-platen interfaces and temperature gradients. Excessive amounts can give rise to 
uncertainties in flow stress measurements. The Barreling Coefficient (B) is calculated by dividing the 
final height, hf, times the final diameter, df , squared by the initial height, ho, times the initial diameter, do, 
squared and increases with increasing amounts of barreling. For high values of B, it is likely that 
microstructures near edges are not representative of the overall microstructure. Ovality refers to an 
increased diameter in a particular direction perpendicular to the compressed direction and can occur 
through effects of texture and microstructure on deformation behavior. The Ovality Coefficient (Ov) is 
determined by dividing the maximum diameter dfmax by the minimum diameter dfmin, around the deformed 
specimen. Ovality does not invalidate a test but is a useful parameter to record as it provides information 
regarding anisotropy. The Height Coefficient (H) gives an indication of parallelism of specimen 
deformation. H is calculated by taking the standard deviation of 4 measurements at the center and at 120° 
intervals around the edge, i.e. StDev(hf), divided by the average height of the deformed specimen hf. An H 
of greater than or equal to 0.04 invalidates a test [5λ]. 
The initial TMP study was only performed on the Pλ2; the results were then used to guide TMP 
studies on the designed alloys. Figure 4.7a shows the geometry of compression specimens for the 
Gleeble® 3500. Tantalum foil was attached to either side of the compression specimen with Nickeleeze® 
anti-seize lubricant, followed by a layer of grafoil and an additional layer of tantalum foil. This 
configuration decreases the chance of diffusion of carbon from the tungsten carbide (→C) platens into the 
steel compression sample and provides barriers to prevent melting near the platens. Figure 4.7b-d show 
how platens are packed for compressing specimens; two layers of grafoil are placed between a →C anvil 
and →C platen, which are enclosed with fiberglass tubing and packed tight with halved strips of stainless 
steel tubing. These packed →C platens compress the specimen on either side. Copper foil and grafoil 
were placed between the →C anvil and the Gleeble holder for improved heat transfer. Resistance was 
monitored and maintained at less than 1 Ω [5λ] from the outside platen to the far side of the 






Figure 4.7 Gleeble compression (a) specimen geometry. (b) Platens are packed by placing two 
sheets of grafoil between a →C platen and anvil, which are then encased in fiberglass 
tubing and pressed tightly with steel pipe sheeting. (c) This configuration leads to a 
circuit where each piece acts as a resistor; as such, a multimeter is used to ascertain the 
resistance of this circuit with a resistance of ≤ 1Ω representing a successful circuit. (d) 
The fully assembled platen package is depicted. Between the platen and sample is grafoil, 
tantalum foil, and an additional layer grafoil; these pieces were adhered via Nickeleeze®. 
Typical strain per pass is between 0.05 and 0.40 for plate steels, with a strain rate between 0.3 and 
30 s-1 and an interpass time of 5 to 30 seconds [60]. Based on these common parameters and a study on 
the effects of thermomechanical processing of Pλ2 steels by Li [10], a true strain of 0.50 at a strain rate of 
1.0 s-1 with an interpass time of 5 s was selected. The selected thermomechanical processing procedure, 
given in Figure 4.8, entailed austenitizing the compression specimens for 40 minutes at 1170 °C and 
cooling them to a TMP temperature at 5 °C/s, where they were compressed to a true strain of 0.50 in three 
hits. Note that TMP was conducted over a wide range of temperatures as current literature lacks details 
about effects of different TMP temperatures on Pλ2. The samples were subsequently air cooled and later 
tempered at 670 °C for 2 hours. Further explanation of programming for Gleeble® 3500 compression is 
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given in Appendix B. Figure 4.λa shows program temperature (dashed line) vs. actual acquired 
temperatures (blue line) and compression force profile vs. program time for Pλ2 TMP650. Figure 4.λb 
shows this same force profile, time vs. strain, per pass. Programmed temperatures and strains were 
achieved to within 10 °C and 0.03, respectively. Note that MS temperatures are <450 °C for all alloys. 
 
Figure 4.8 Thermomechanical processing schedule. Samples were heated to an austenitizing 
temperature of 1170 °C at 10 °C/s, where they were held for 40 m before being cooled at 
5 °C/s to TMP temperature. A true strain of 0.50 was applied in 3 hits with and interpass 
time of 5s, and samples were allowed to air cool before being tempered for 2h at 670 °C.  
   
(a) (b) 
Figure 4.λ Gleeble output for Pλ2 TMP650 of (a) temperature of TMP program vs actual 
temperature and (b) force profile for three-hit compression. Data for the remaining 
conditions are reported in Appendix B. 
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Only one specimen was used per condition due to material constraints. The wide range of TMP 
temperatures selected allows for analysis of a broad range of effects, which is especially important due to 
the lack of literature on the subject for low-carbon high-Cr micro-alloyed materials such as Pλ2. It should 
be noted that 1170 °C was chosen as a normalizing temperature as this temperature provides the highest 
amount of solutionizing while avoiding the -ferrite phase region. 670 °C was chosen as a tempering 
temperature as it is likely sufficiently above the goal reactor temperature of 650 °C to provide 
microstructural stability while being low enough to provide increased driving force for precipitation over 
the standard tempering conditions of 730 °C for 1 h. Time was increased to 2 hours over the earlier 
analyzed tempering conditions to allow increased time for slower kinetics at this lower temperature. 
Three passes to 50% true strain yields an ideal final diameter of 12.8 mm and final length of λ.1 mm. The 
samples were sectioned longitudinally to allow for optimal analysis of grain pancaking.  
 Aging Response of the Designed Alloys vs. P92  4.4
Elevated temperature aging was conducted to study microstructural evolution and mechanical 
properties of the experimental alloys after elevated temperature exposure. The Pλ2 alloy was normalized 
at 1170 °C, while the LC and 0Nb were normalized at 1050 °C, both for 40 minutes; lower temperatures 
were used for the LC and 0Nb alloys as -ferrite forms at lower temperatures in those alloys, as discussed 
in Chapter 5. All samples were tempered at 670 °C for 2 hours each. Metallographic coupons as well as 
creep and tensile specimens were aged at temperatures ranging from 550 to 700 °C for 500 to 10,000 h.     
Table 4.3 shows the aging matrix, where M denotes metallographic coupons, C denotes creep specimens, 
and T denotes tensile specimens. In each condition, two tensile, creep, and metallographic specimens 
were aged. The metallographic coupons were sized 2.5x2.5x3.3 cm. Prior to aging, samples were 




Table 4.3 – Times and Temperatures for the Aging Study 
Time (h) 
Temperatures (°C) 
550 600 650 700 
Unaged M M M C T M 
500  M M M 
1,000 M M M M 
2,000  M M C T M 
5,000 M M M C T M 
10,000 M M M C T M 
* M = Metallographic coupon; C = Creep specimen; T = Tensile specimen 
 
↑ickers microhardness measurements were conducted on each of the alloys after aging using a 
load of 0.500 kg at a dwell time of 10 s. Figure 4.10 shows the pattern in which ↑ickers indents were 
taken. For aged samples and samples processed under the identified T - , 15 indents were taken. 
  
Figure 4.10 A schematic pattern of locations of ↑ickers microhardness measurements taken for each 
sample. A distance of at least three indents separated each ↑ickers indent taken, as per 
ASTM standard E384 [61]. 
 
 Electron Microscopy 4.5
Samples were mounted in Bakelite® and polished to 1 µm diamond. Samples for optical 
microscopy were then etched 15-20 s in ↑ilella’s Reagent and washed in methanol. Samples intended for 
FE-SEM analysis and for use as TEM extraction replicas were polished an additional 3 hours in 0.05 µm 
colloidal silica with the ↑ibromet® before being etched 15-20 s in ↑ilella’s Reagent (1% picric acid, 




6-10 16-20 26-30 
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5% HCl, λ4% ethanol) and washed in methanol. TEM extraction replicas were made by coating the 
etched surface with approximately 20 nm of carbon and cutting the surface into a grid of 1x1 mm squares. 
The samples were immersed in 5% hydrochloric acid in methanol and subjected to 2↑ against a copper 
electrode until the squares detached from the main sample and floated away. The squares were caught on 
copper grids and cleaned with ethanol. These extraction replicas were stored in membrane boxes. A 






Figure 4.11 (a) Carbon deposition, (b) electrolytic film-removal procedure, and (c) diagram of 
complete extraction replica method. Etching selectively removes matrix material, 
exposing precipitates. A carbon film is applied that attaches to the precipitates, which are 
attached to the film when more matrix material is etched from below. 
For TEM thin film preparation, slices were cut directly from the specimens of interest to a 
thickness of 0.50 mm with a slow speed saw. These slices were mounted on aluminum stubs with 
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CrystalBond® and ground to 0.10 mm thickness with 600-800 grit silicon-carbide PSA paper, with about 
0.20 mm being removed from either side. Several 3 mm discs were punched out and then electropolished 
using 5% perchloric acid in acetic acid at 25↑ and 30 mA for 2 minutes. The samples were then 
thoroughly rinsed in ethanol and stored in a grid storage box. A diagram of this procedure is provided in 
Figure 4.12. 
 
Figure 4.12 Diagram of thin foil preparation method. Thin foils were then punched into 3 mm discs 
and electropolished with a 5% perchloric acid in acetic acid solution. “Remove” refers to 






Modeling of the relevant diffraction patterns was undertaken with JEMS™ software so that 
relevant zone axes could be more readily identified while at the controls of the TEM. The crystal models 
for M23C6 and M↓ are presented in Figure 4.13a-b alongside the diffraction patterns associated with their 





Figure 4.13 JEMS™ models of (a) M23C6 and (b) M↓, and the (c-d) diffraction patterns associated 




A JEOL JSM7000F FE-SEM was used at 15 k↑ and a working distance of 10 mm. A Philips/FEI 
CM200 TEM, and, subsequently, an FEI Talos™ F200↓ scanning/transmission electron microscope 
(S/TEM), were used to examine extraction replicas and a Philips/FEI CM12 TEM was used to examine 
thin films of selected conditions. 
 Atom Probe Tomography 4.6
A section of Pλ2 thermomechanically processed to 0.50 true strain at 450 °C in a Gleeble 3500®, 
as described in Section 4.3.1, was polished to 1 µm and 6 atom probe tips were removed from the center 
of the sample.  A platinum (Pt) coating was applied to the surface of the area to be removed for protection 
from the Ga+ ions used to shape the tips.  A focused ion beam was used to detach material for tips, which 
were moved via OmniProbe to a bisected copper grid, where they were mounted with Pt and shaped to a 
100 nm final diameter before being cleaned with low voltage high current Ga+ ions. Images of each tip 
were taken by TEM at 200k↑ prior to being loaded into the atom probe tomography (APT) chamber.  
Samples were loaded 3 days prior to the APT run, which was conducted using a 600 kHz voltage pulse. 
Tips were then reanalyzed in TEM. APT data was analyzed with Imago ↑isualization and Analysis 
Software (I↑AS). 
 Wide- and Small-Angle X-ray Scattering 4.7
The 1-ID beamline at Argonne National Laboratory allows for simultaneous collection of SA↓S 
and →A↓S data; this apparatus is shown in Figure 4.14a. Four General Electric amorphous silicon 
detectors (GE) were used for →A↓S. A sample wheel, pictured as Figure 4.14b, allows 45 samples to be 
loaded at once, where the testing of each sample takes close to one minute. SA↓S information is analyzed 
as intensity (counts/s) vs scattering vector Q (1/Å), while →A↓S data is analyzed as intensity vs 2θ. 
SA↓S and →A↓S data were collected at an energy of 71.676 ke↑ using a wavelength of 0.172λ7 Å and a 
beam size of 0.1 x 0.1 mm2 with no focusing. At each specimen position in the sample wheel, five points 
were analyzed, each point sampling an entirely different volume. For each point, five frames were taken, 




Figure 4.14 (a) Apparatus for →A↓S/SA↓S testing at Argonne National Laboratory (picture 
provided by Jon Almer). (b) Sample wheel allows for 45 samples to be tested per 
calibration, significantly decreasing necessary testing time. 
→A↓S data were analyzed with GSAS-II, a continually updated open-source Python based 
project capable of data reduction, peak analysis, and fitting of phases from crystal information files (.cif). 
The initial →A↓S data are output as 2D intensity images, or frames. These data are converted to 1D 
profiles by integrating over the λ0° azimuthal range of the 2D intensity rings, after which parameters 
about the loaded phases can be modified by the user or refined directly by the program.  
SA↓S data were analyzed with Irena [4λ] and Nika [62] packages designed at Argonne National 
Laboratory as IGOR-Pro macros. For SA↓S analysis, the maximum entropy method built into the Irena 
macro was used. Precipitates were assumed to be spheroidal with an aspect ratio of 2 and diameters 
ranging from 1 to 100 nm. 50 bins were used to sort the precipitates by diameter.  ↓-ray scattering 
contrast, dρ2, is the difference in mean electron densities between the matrix and the precipitate [51]. 
Scattering contrast factors affect calculated number and volume fractions but not calculated precipitate 
diameters [52]; contrast factors for M↓ and M23C6 in iron are presented earlier, in Figure 2.16b. The 
conditions analyzed are shown in Table 4.4. These include control samples of all the experimental alloys 
in the as heat treated conditions (noted in the table), each of the alloys aged for 500-10,000 h at 550-
700 °C, and samples subjected to simulated thermomechanical processing in the Gleeble® 3500.  
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Table 4.4 – Sample Conditions Run in SA↓S and →A↓S on Argonne 1-ID Beamline 
Alloy Austenitize TMP 50% strain, 1 s-1 Temper Aging Condition 
Pλ2 AS RECEI↑ED -- NONE -- 
 1170 °C (40 min) -- 670 °C (2 h) -- 
 1050 °C (40 min) -- 670 °C (2 h) -- 
 1170 °C (40 min) -- 670 °C (2 h) 500 h (600, 650, 700 °C) 
 1170 °C (40 min) -- 670 °C (2 h) 1,000 h (550, 600, 650, 700 °C) 
 1170 °C (40 min) -- 670 °C (2 h) 2,000 h (600, 650, 700 °C) 
 1170 °C (40 min) -- 670 °C (2 h) 5,000 h (550, 600, 650, 700 °C) 
 1170 °C (40 min) -- 670 °C (2 h) 10,000 h (550, 600, 650, 700 °C) 
 1170 °C (40 min) 450 °C 670 °C (2 h) -- 
 1170 °C (40 min) 550 °C 670 °C (2 h) -- 
 1170 °C (40 min) 650 °C 670 °C (2 h) -- 
 1170 °C (40 min) 750 °C 670 °C (2 h) -- 
 1170 °C (40 min) 850 °C 670 °C (2 h) -- 
 1170 °C (40 min) λ50 °C 670 °C (2 h) -- 
 1170 °C (40 min) *λ50 °C 670 °C (2 h) -- 
 1170 °C (40 min) -- 670 °C (2 h) Creep cross section 
LC AS RECEI↑ED -- NONE  
 1050 °C (40 min) -- 670 °C (2 h) -- 
 1050 °C (40 min) -- 670 °C (2 h) 500 h (600, 650, 700 °C) 
 1050 °C (40 min) -- 670 °C (2 h) 1,000 h (550, 600, 650, 700 °C) 
 1050 °C (40 min) -- 670 °C (2 h) 2,000 h (600, 650, 700 °C) 
 1050 °C (40 min) -- 670 °C (2 h) 5,000 h (550, 600, 650, 700 °C) 
 1050 °C (40 min) -- 670 °C (2 h) 10,000 h (550, 600, 650, 700 °C) 
 1050 °C (40 min) 450 °C 670 °C (2 h) -- 
 1050 °C (40 min) 650 °C 670 °C (2 h) -- 
 1050 °C (40 min) 850 °C 670 °C (2 h) -- 
 1170 °C (40 min) -- 670 °C (2 h) Creep cross section 
0Nb AS RECEI↑ED -- NONE -- 
 1050 °C (40 min) -- 670 °C (2 h) -- 
 1050 °C (40 min) -- 670 °C (2 h) 500 h (600, 650, 700 °C) 
 1050 °C (40 min) -- 670 °C (2 h) 1,000 h (550, 600, 650, 700 °C) 
 1050 °C (40 min) -- 670 °C (2 h) 2,000 h (600, 650, 700 °C) 
 1050 °C (40 min) -- 670 °C (2 h) 5,000 h (550, 600, 650, 700 °C) 
 1050 °C (40 min) -- 670 °C (2 h) 10,000 h (550, 600, 650, 700 °C) 
 1050 °C (40 min) 450 °C 670 °C (2 h) -- 
 1050 °C (40 min) 650 °C 670 °C (2 h) -- 
 1050 °C (40 min) 850 °C 670 °C (2 h) -- 
 1170 °C (40 min) -- 670 °C (2 h) Creep cross section 
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4.7.1 Determination of Dislocation Density and Crystallite Size from WAXS  
The modified →illiamson-Hall Method [63] was used to estimate dislocation densities [64] using 
full-width half-maxima (F→HM) derived from Gaussian fits to peaks. Figure 4.15 shows Gaussian vs. 
Lorentzian fits to an arbitrary Fe peak; Gaussian fitting was selected due to slightly better fitting. 
Equations 4.4 – 4.5 detail the parameters used in defining K and ΔK. 2θ describes the peak position, and  
specifies the wavelength of x-ray used. ΔK is plotted vs. K2C, C being the dislocation contrast factor for 
that reflection. A linear trendline can be fitted to this plot, where the y-intercept corresponds to crystallite 
size and dislocation density can be calculated from the slope, as described in Equation 4.6, where A is 
approximately 3.3 and b is the burgers vector. Table 4.5 shows an example of data used to plot ΔK vs 
K2C, while Figure 4.16 shows this plot for Pλ2 aged 500 h at 650 °C.  Full results are provided in 
Appendix B.  
 K = 2*sin(2θ /2) /  4.4 
 ΔK = cos( 2θ /2)*( F→HM) /  4.5 
 [ ] =     4.6 
 
Table 4.5 – Data for Plotting ΔK vs K2C for Pλ2 Aged 500 h at 650 °C 
Pλ2 






[nm-1] C [nm2] K
2
C ΔK [nm-1] 
Fe_110 4.873 0.01λ26 0.4λ16 0.0610 0.0147 0.001λ 
Fe_200 6.8λ3 0.03523 0.6λ51 0.2850 0.1377 0.0035 
Fe_211 8.447 0.03370 0.8515 0.1180 0.0856 0.0034 
Fe_220 λ.75λ 0.03128 0.λ835 0.0610 0.05λ0 0.0031 
 
Note that dislocation quantities are semi-quantitative; A relates to the dislocation arrangement, and C is 
dependent on dislocation character, i.e. edge or screw, as well as characteristics of the matrix through 




̅ = ̅ − , where H =  
 and 0.7 (edge) ≤ q ≤ 2.7 (screw) 
4.7 
 BCC steel <111>{110}μ 
̅ =0.285 







Figure 4.15 The full-width half maximum (F→HM) of an Fe peak is determined by fitting this 
major peak with a (a) Gaussian or (b) Lorentzian fit.  Gaussian fit was selected due to 
slightly better fitting of data.   
 
 
Figure 4.16 Example plot of ΔK vs K2C, for Pλ2 aged 500 h at 650 °C. Slope is correlated to 






 High-Temperature Tensile and Creep Rupture Testing 4.8
Mechanical property evaluation included creep rupture testing and high-temperature tensile 
testing of normalized and tempered specimens before and after aging. All specimens were machined with 
lengths parallel to the rolling direction. For high-temperature tensile testing, a temperature of 650 °C was 
chosen for consistency with creep testing and with the goal operating temperature for this alloy. A quasi-
static true strain rate of 0.001 s-1 was selected for tensile testing to better replicate possible service 
conditions, as vessels are more likely to need to endure low strain rate processes. Displacement was 
measured with an extensometer placed outside the vacuumed tensile apparatus; thus compliance 
corrections were applied. As the stresses and strains induced upon the machine components likely falls far 
below the yield-strength of the high-temperature steel, a scalar compliance correction was applied to the 
elastic region of the stress-strain curves of the steels. The geometry for the tensile and creep specimens is 
shown in Figure 4.17; samples are subsized due to material constraints.  
 
Figure 4.17 Geometry for subsized [66], [67] creep and tensile specimens. 
Couplers to test the specimens in the creep frames were machined from Inconel 718 for 
high-temperature creep resistance and are specified in Figure 4.18. The tensile apparatus is shown in 
Figure 4.1λa, and the creep apparatus is shown in Figure 4.1λb. A stress of 150 MPa was used at a 
temperature of 650 °C for all creep tests. The lever arm of the creep machine applies a 20x mechanical 
advantage to the weight added to the weight-bearing side of the machine. Thus, with a creep sample 
cross-sectional diameter of 0.188 in, 30 lbs was loaded onto the mechanically advantaged lever arm to 







Figure 4.18 Geometry for creep coupler; couplers were machined from Inconel 718. A coupler is 
necessary to allow for attachment of sub-sized creep specimens into the creep chamber. 
The small-side diameter is ¼ in with 20 threads per inch (TPI), while the large-side 
diameter is ¾ in with 10 TPI. Flats were machined on the large-side diameter for removal 






Figure 4.1λ (a) High-temperature-capable tensile tester used at Los Alamos National Laboratory.  
(b) Creep machine used at Colorado School of Mines. (color image – see PDF copy) 
 
 Irradiation Resistance  4.9
Pλ2-1, Pλ2-2, LC, and 0Nb were irradiated at 5 Me↑ at 300 °C to 0.5 displacements per 
atom (dpa). Nanoindentation was performed along the incident direction of the proton beam to quantify 
strengthening due to irradiation. These experiments were conducted and analyzed by Clarissa Yablinsky 
at Los Alamos National Laboratory with the Ion Beam Materials Lab (IBML), and the results are 
provided in Appendix A . 
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  CHAPTER 5
HEAT TREATMENT OPTIMIZATION 
Pλ2 is a ferritic-martensitic steel, sometimes designed to have varying levels of delta-ferrite. In 
this instance, only the martensite was desired, in efforts to optimize creep resistance. Intercritical 
temperatures for the designed alloys were identified via the use of dilatometry, ↑ickers microhardness 
testing, and optical microscopy. These temperatures were used to design heat treatments to maximize fine 
precipitation and avoid δ-ferrite precipitation. 
 ThermoCalc® Modeling for Design of Heat Treatments 5.1
ThermoCalc® analysis was performed to analyze effects of alloy modifications. Standard 
solutionizing and tempering temperatures for Pλ2 fall in the ranges of 1050-1210 °C and 720-770 °C [23], 
respectively. Equilibrium calculations were performed for several temperatures near each of these typical 
processing temperatures. ThermoCalc® analysis included inputting the full composition and selecting 
temperature steps from 1100 to 1350 °C and 600 to 850 °C to represent solutionizing and tempering 
treatments, respectively. Equilibrium calculations were exported to Excel, where mass percent of each 
alloy and constituent phase mass and mole fractions were determined. The mass fractions of M↓, M23C6, 
Laves, and Z-phase were monitored as a function of temperature and alloy composition. Phase 
transformation temperatures were determined by varying temperature until only trace amounts of the 
phase in question remain present, i.e. the appearance of austenite (FCC_A1#1) at Ae1, the disappearance 
of α-ferrite (BCC_A2#1) at Ae3, the appearance of δ-ferrite (also BCC_A2#1) at Tδ- , and the 
disappearance of austenite at Tδ.  
 Delta-ferrite Transition Temperature 5.2
The “HiSoln” condition was also included for analysis and involved solutionizing at 5 °C below 
the temperature predicted by ThermoCalc® to mark the beginning of the -ferrite region; these 
temperatures being 1166 °C for Pλ2-1, 11λ4 °C for Pλ2-2, 1111 °C for LC, and 1123 °C for 0Nb. HiSoln 
alloys were tempered at 730 °C for 1 h for consistency and in line with the typical heat treatment of Pλ2.  
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→hile ThermoCalc® and dilatometry are able to provide some insight into the temperature at 
which delta-ferrite starts to form, microstructure assessment was used to verify its formation at certain 
solutionizing temperatures. Normalizing was performed at either 1050 °C, a standard for Pλ2, or at the 
HiSoln temperature. Figure 5.1a-b and Figure 5.1c-d show light optical microscopy for the Pλ2-1 and 
Pλ2-2 alloys, respectively. Instances of δ-ferrite are evident at the HiSoln temperature of 1166 °C for 
Pλ2-1 but only in very small amounts at the HiSoln temperature of 11λ4 °C for Pλ2-2.  
  
(a)  (b)  
  
(c)  (d)  
Figure 5.1 Optical micrographs of Pλ2 alloys solutionized at different temperatures. Pλ2-1 was 
normalized at (a) 1050 °C or (b) 1166 °C for 40 minutes and tempered at 730 °C for 1 h. 
Pλ2-2 was normalized at (c) 1050 °C or (d) 11λ4 °C for 40 minutes and tempered at 




Figure 5.2a-b show light optical micrographs of LC normalized at 1050 °C vs. 1111 °C (HiSoln) 
for 40 min and tempered at 730 °C for 1 h. Figure 5.2c-d show light optical micrographs of 0Nb 
normalized at 1050 °C vs. 1123 °C (HiSoln) for 40 min and tempered at 730 °C for 1 h. The 
microstructures are predominantly martensitic, with numerous -ferrite islands evident in HiSoln samples. 
These HiSoln conditions are also linked to a significant increase in prior austenite grain size (PAGS). The 
experimental alloys exhibited a larger PAGS than the Pλ2 alloys. The HiSoln temperature was reduced in 
20 °C increments until δ-ferrite was eliminated. Further optical microscopy is provided in Appendix F. 
  
(a)  (b)  
  
(c)  (d)  
Figure 5.2 Optical micrographs of the designed alloys. LC was normalized at (a) 1050 °C or 
(b) 1111 °C for 40 minutes and tempered at 730 °C for 1 h. 0Nb was normalized at 
(c) 1050 °C or (d) 1123 °C for 40 minutes and tempered at 730 °C for 1 h. Isolated 
-ferrite islands are evident in HiSoln conditions. Etched with ↑illela’s Reagent. 
δ-ferrite 
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Figure 5.3 shows the microhardness of the different alloys versus different solutionizing 
treatments, where each of the alloys were tempered at 730 °C for consistency. →hile ThermoCalc® was 
able to provide some insight, -ferrite was observed in the HiSoln conditions despite calculations 
predicting -ferrite to form only at higher temperatures. ↑ickers microhardness and microstructure 
assessment were used to fine-tune the solutionizing temperatures. This formation of -ferrite corresponds 
to a decrease in ↑ickers microhardness. Microhardness was used to infer δ-ferrite formation, although this 
method was unsuccessful in the LC and 0Nb alloys. The temperature at which δ-ferrite begins to form 
was thus corroborated, for Pλ2, or determined, for LC and 0Nb, with optical microscopy.  
 
Figure 5.3 Effects of normalizing temperature on ↑ickers microhardness. Note that -ferrite is 
present in the HiSoln conditions. 
Increased solutionizing temperature was linked to increased hardness (except in the HiSoln 
condition) in Pλ2-1 and Pλ2-2 but largely insignificant changes in the LC and 0Nb alloys. Increased 
precipitation but also increased PAGS and higher incidence of -ferrite brings about a larger range of 
hardnesses in the HiSoln conditions; this is evidenced by the increased variance at HiSoln conditions 
shown by the increased error range. As the HiSoln solutionizing temperature was calculated to increase 
M↓ precipitation by about the same amount for each alloy, it is possible that increased PAGS and 










Tempered at 730 °C
= HiSoln 
71 
incidence of -ferrite balanced out the expected increase in hardness in the LC and 0Nb conditions. One 
possibilty for the lower hardness in the LC and 0Nb alloys is that lower carbon decreases the hardness of 
the martensite that forms.  
 Effects of Tempering Conditions 5.3
Figure 5.4 shows ↑ickers microhardness vs. tempering temperature. Solutionizing was conducted 
at 1050 °C and 40 min, and tempering temperatures were held for 1 h, as these represent common 
parameters used for Pλ2 [55]. Microhardness is plotted versus as received, as normalized, and as 
normalized and tempered conditions. →hile the designed alloys as received were significantly softer, 
upon tempering this difference drops dramatically, suggesting increased thermal stability.  A higher 
tempering temperature is associated with lower hardness in all alloys, though this is less pronounced in 
the modified alloys LC and 0Nb. As 650 °C is the goal service temperature, a logical tempering 
temperature to take advantage of this increase in hardness at lower temperatures is 670 °C, which is the 
tempering temperature used for the aged alloys and for TMP treatments. The tempering time was 
increased from 1 to 2 h to accommodate the lower diffusion present at this temperature. 
 
Figure 5.4 ↑ickers microhardness for Pλ2 and the designed alloys in the as received (AR, hot 
rolled), as normalized (N), and as normalized and tempered conditions.  














Solutionized at 1050 °C
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 Determination of Phase Transformation Temperatures 5.4
Dan Coughlin and Kester Clarke at Los Alamos National Laboratory performed several runs of 
the base Pλ2-1 material in the LANL dilatometer and provided the data for analysis. Gleeble® 3500 
dilatometry was conducted at Colorado School of Mines. Results are compared to the ThermoCalc® 
predictions. The first run of Pλ2-1 involved initial heating at 5 °C/s up to 700 °C, followed by heating at 
5 °C/min [58] to 1000 °C and helium quenching to determine Ms. From these results, given in Figure 5.5, 
the A1 and A3 temperatures were identified as 836 and 8λ8 °C, respectively. Dilatometry results, accurate 
to within ±5 °C, are within 21 °C of the A1 and 4 °C of the A3 predicted by ThermoCalc® using the 
TCFE2 database. The deviation in A1 could be related to the sample not fully equilibrating thermally at 
the 5 °C/min heating rate.  →ith this in mind, the next set of thermal profiles was designed. 
 
Figure 5.5 Percent strain versus temperature from dilatometry performed at LANL on Pλ2-1. 
Deviation from linearity in thermal expansion represents a phase change. 
 
A second set of dilatometry experiments included 3 additional sets of parameters. Sample 1 was 
an identical run but with a 10 minute hold time at 700 °C to allow for thermal equilibration of the 
specimen before heating the specimen past the A1 and A3 temperatures. Sample 2 consisted of the same 
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possible 
10 minute hold as performed in Sample 1 but heating was performed from a temperature of 750 °C to 
1200 °C to include the -ferrite region. Sample 3 was a run at a slower 2 °C/min rate to allowing longer 
equilibrating times. These results are presented in Figure 5.6 and in Table 5.1. No difference in 
intercritical temperature was evident in samples held at 700 °C vs. those directly heated after the initial 
heating step. The sample heated to 1200 °C showed evidence of either the beginning of -ferrite or 
thermocouple drift. The sample heated at the slower rate of 2 °C/min showed austenite transformation at a 
slightly lower temperature. This last sample was also allowed to cool under ambient conditions; slower 
cooling rate with maintained data logging rate is likely why the martensite start temperature appears to be 
elevated, i.e. martensite started at the same temperature in all the alloys but the change in dilation was not 
recorded until a lower temperature in the quenched samples because of slower temperature recording 
compared to cooling rate. 
                
Figure 5.6 Dilatometry results from LANL on Pλ2-1 specimens. Percent strain is plotted against 
temperature. The thermal cycle for each sample is noted.  
Gleeble® 3500 dilatometry was conducted to compare dilatometry methods and to attempt to 
better identify Tγ-δ (the temperature representing a phase change from austenite to δ-ferrite) by utilizing a 








700°, 10 min hold, 5°C/min to 1000°, He quench
700°, no hold, 5°C/min to 1000°, He quench
750°, 10 min hold, 5°C/min to 1200°, He quench
750°, 10 min hold, 2°C/min to λ15°, ambient cool
Nearly perfect overlap
beginning of δ-ferrite formation
no quench increases measured MS
some δ-ferrite












higher maximum temperature. Dilatometry to determine A1 and A3 yielded the results given in  
Figure 5.7a-b. The same specimen can be used multiple times without changing the measured critical 
temperatures. For runs identifying A1 and A3, the same specimen was rerun multiple times in the 
Gleeble® 3500. A1 was identified as 842 °C and A3 as λ08 °C, both about 10 °C higher than that 
measured with the Los Alamos National Lab dilatometer.  
The main advantage in using the Gleeble® 3500 for dilatometry is that it can run dilatometry to 
higher temperatures, which might have allowed Tγ-δ to be measured. A dilatometry run from 1100 °C to 
1250 °C at 5 °C/min (Figure 5.7b, curve a) and a run from 1000 °C to 1250 °C at 5 °C/min (Figure 5.7b, 
curve b) were performed to attempt to determine Tγ-δ. 
  
(a) (b) 
Figure 5.7 Dilatometry results from Gleeble® 3500 specimens of Pλ2-1 (a) heated to 1000 °C and 
(b) where the 5 °C/min dilatometry range included temperatures from (curve a) 1100-
1200 °C and (curve b) 1000-1200 °C. Expansion of diameter in µm as measured by laser 
is plotted versus the increase in temperature in °C. Transformation to δ-ferrite, though 




Results from Los Alamos National Laboratory dilatometry and Gleeble® 3500 dilatometry are 
given in Table 5.1 versus those predicted by ThermoCalc®. An insufficient linear temperature region was 
measured in the first run to identify T -  satisfactorily, which is why the next run included a larger 
temperature range. The start of the δ-ferrite phase region was not identifiable owing to a combination of 
thermocouple drift at these high temperatures and the small slope due to the wide temperature range 
across which this change in phase occurs, e.g. likely beginning around 1170 °C and finishing around 1300 
to 1400 °C according to ThermoCalc®. Thermocouple drift occurs at temperatures above 1100 °C as iron 
diffuses between the steel and the thermocouple.  
Table 5.1 – Phase Transformation Temperatures for Pλ2, in °C, Determined by Dilatometry  
Condition A1 A3 Ms 
ThermoCalc® 817 8λ6 -- 
Los Alamos National Laboratory Dilatometry    
      Sample 0μ 700 °C, 5°C/min to 1000°C, He quench 836 8λ8 375 
      Sample 1μ 700 °C, 10 min hold, 5°C/min to 1000°C, He quench 836 8λ8 375 
      Sample 2μ 750 °C, 10 min hold, 5°C/min to 1200°C, He quench 833 8λ7 373 
      Sample 3μ 750 °C, 10 min hold, 2°C/min to λ15°C, ambient cool 826 8λ5 3λ0 
Colorado School of Mines Gleeble® 3500 Dilatometry    
      A1A3 d02μ 750 °C, 5°C/min to 1000°, Natural cool 842 λ07 -- 
      A1A3 d03μ 750 °C, 5°C/min to 1000°, Natural cool 841 λ08 -- 
 
From dilatometry conducted at Los Alamos National Laboratory, A1 was identified as 10 to 20 °C 
higher than that predicted in ThermoCalc®, with A3 matching ThermoCalc® predictions. From 
Gleeble® 3500 dilatometry, A1 was identified as approximately 25 °C higher than that predicted by 
ThermoCalc®, with A3 being about 10 °C higher than ThermoCalc® predictions. This suggests that 
ThermoCalc® slightly underpredicted A1 but was within experimental error of the measured A3. A hold 
time of 10 minutes at 700 °C did not affect the measured phase transformation temperature. A slower 
heating rate also did not significantly change the measured A1 and A3 temperatures, so the difference 
between ThermoCalc® results and dilatometry results in this instance is not related to achieving thermal 
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equilibrium during the dilatometry experiments. The Ms temperature was identified as 375 °C, with 
ambient cool increasing the measured Ms temperature as compared to He quench, not because of a change 
in Ms but because of the lower data collection rate compared to quench rate. 
One further assessment was conducted in order to better understand and therefore design 
solutionizing times and temperatures. A dilatometry specimen was run to assess the time necessary for 
full transformation to austenite as compared to the typical 30-40 min at 1050 °C. Figure 5.8 shows the 
heating schedule used to simulate normalizing in the Gleeble® 3500 alongside the expansion measured 
for this program; the specimen was heated to 1050 °C at 250 °C/min, held there for 1 h, and allowed to 
cool naturally by turning off the Gleeble® heating element. Expansion was measured by laser and 
temperature by thermocouple, as a function of time. Pλ2 became fully austenitized shortly after reaching 
1050 °C. The standard for normalizing Pλ2 is 40 min (2400 s). It appears that full austenitization is 
complete in around 5 minutes. Note that this analysis does not consider other goals of solutionizing, i.e. 
getting alloying elements into solution, or the slower rate of heating thick slabs to austenitization 
temperature. 
 
Figure 5.8 Simulation of normalizing conditions for Pλ2-1. Sample was heated to 1050 °C at 5 °C/s 





After dilatometry temperature programming at LANL was fine-tuned, the process was repeated 
twice for each experimental alloy. These results are shown in Figure 5.λ. The phase transformation 
temperatures obtained from dilatometry and from ThermoCalc® predictions are compared in Table 5.2. 
The measured values of A1, A3, and Ms for the separate dilatometry runs for each alloy fell within 5 °C of 
each other. As predicted in ThermoCalc®, the A1 temperatures for the designed alloys (LC and 0Nb) are 
lower than the A1 temperatures for the Pλ2 alloys. All of the examined alloys have A3 temperatures very 
close to λ00 °C. The increases to Mn and N in the LC and 0Nb alloys were sufficient to compensate for 
the loss of austenite stability from the decrease of C. The ThermoCalc® predictions were significantly 
lower than the measured values for A1. However, the ThermoCalc® predictions for the A3 temperatures 
were much closer to the experimentally measured values, with the Pλ2-2 alloy showing the only 
significant deviation from the ThermoCalc® prediction for A3.  
 




Table 5.2 – Phase Transformation Temperatures, in °C,  
Determined by Dilatometry and Predicted by ThermoCalc® 
Alloy A1 TC A1 A1 – TCA1 A3 TCA3 A3 – TCA3 Ms 
Pλ2-1 836 817 +1λ 8λ1 8λ6 -5 375 
Pλ2-2 828 811 +1λ λ05 873 +32 35λ 
LC 7λ3 754 +43 8λ7 8λ3 -2 420 
0Nb 7λ1 753 +3λ λ08 8λ3 +7 44λ 
 
Martensite start temperature calculations applicable to low-carbon alloy steels [68] are shown for 
the Pλ2 and LC alloys in Table 5.3. The equations coming closest to that measured via dilatometry of Pλ2 
are highlighted. However, these equations were not constructed to deal with high microalloying additions 
[68], leading to a wide variation in Ms predictions, especially for the LC alloy.  
 
Table 5.3 – Predictions* and Experimentally Determined ↑alues for the Ms for Pλ2 and LC 





Pλ2 Deviation from Actual (°C) 
[Calculated] - [Actual] 
 Measured by dilatometry 360-375 420 -- 
1 Payson and Savage 178 352 -200 
2 Carapella 4λ6 4λ5 +115 
3 Rowland and Lyle 176 4λλ -205 
4 Grange and Stewart 123 538 -260 
5 Nehrenberg 250 4λλ -130 
6 Steven and Haynes 358 561 -20 
7 Andrews (linear) 375 375 -5 
8 Andrews (product) 553 553 +175 
λ Liu 301 550 -80 
10 Liu 215 538 -165 
11 Zhao (twinned martensite) 374 420 -5 
12 Zhao (lath martensite) 440 540 +60 
13 Liu, Zhao, Northwood 181 527 -200 
* Formulae for calculating Ms temperatures were compiled by Liu et al. [68] 
** Recall that LC is the otherwise Pλ2 composition with 0.01 C, 0.05 N, and 1.40 Mn 
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 Utilizing Critical Temperatures for Design of Heat Treatments 5.5
Note that a solutionizing temperature of 1050 °C was initially chosen for analysis because it is the 
standard solutionizing temperature for Pλ2. Utilizing the HiSoln solutionizing temperature calculated with 
ThermoCalc®, δ-ferrite was still found, both with respect to decreasing microhardness and through the 
pinpointing of δ-ferrite via optical microscopy. The HiSoln temperatures were systematically decreased 
until δ-ferrite was no longer observed (see Section 5.2 and Appendix F). →ith these analyses, 1170 and 
1050 °C were the temperatures at which δ-ferrite was determined not to form, for Pλ2 vs. LC and 0Nb, 
respectively.   
Conventionally, Pλ2 alloys are tempered at 730 °C for 1 h. In all of the experimental alloys, 
hardness decreased with increasing tempering temperature. As such, the tempering temperature of 670 °C 
was chosen to take advantage of the higher initial hardness at lower tempering temperatures. The 
equivalent tempering time was increased from 1 to 2 h to accommodate the lower diffusion rate present at 
670 °C. The standard “As HT” referred to from here on will thus refer to the parameters noted in  
Table 5.4. These are the heat treatments that will be used for the analyses presented in Chapters 6 and 7 
with the exception of the TMP results. 
 
Table 5.4 – “As HT” Heat Treatment Parameters for Pλ2 and the Designed Alloys 
Alloy 
Austenitize Temper 
Temperature [°C] Time [h] Cool Temperature [°C] Time [min] Cool 
Pλ2  1170* 
2.0 Air Cool 670 40 
Air 
Cool LC  1050* 
0Nb 
* 1050 was also used in several instances for a more direct comparison, and is noted when applicable. 
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  CHAPTER 6
MICROSTRUCTURAL EVOLUTION 
Electron microscopy and wide- and small-angle x-ray scattering were utilized for analysis of 
microstructural evolution. Evolution of the microstructures of Pλ2, LC, and 0Nb upon long-term aging is 
examined, especially with respect to precipitation changes and dislocation substructure stability. 
 P92 – Evolution of the Microstructure 6.1
A JEOL JSM7000F FE-SEM was used at an accelerating voltage of 15 k↑ and a working 
distance of 10 mm. Figure 6.1a shows an FE-SEM image of Pλ2 in the As HT condition. Spots marked in 
Figure 6.1a are linked to energy dispersive spectroscopy (EDS) spectra in Figure 6.1b. Due to convolution 
of precipitate spectroscopy by that of the matrix, precipitates under 100 nm were difficult to isolate with 
EDS. Chromium carbides appear to have a significant quantity of → partitioning, or possibly the carbides 
simply have Fe2→ Laves phase precipitates present nearby. In the immediate vicinity of these Cr carbide 
precipitates the matrix is largely depleted of Cr. In either case, it is clear that otherwise more useful solid 
solution strengthening elements have congregated at grain boundaries, depleting their nearby matrix 
presence. 
Figure 6.2a-b show TEM bright field and STEM high-angle annular dark-field (HAADF) views 
alongside EDS mapping from an extraction replica of Pλ2 As HT; these images were acquired through the 
use of an FEI Talos™ F200↓. Based on the EDS results presented in Figure 6.2c-e, these precipitates are 
primarily chromium carbides. Carbides, though visible as small as 20-30 nm, fall mostly into the 70-
170 nm range. ↑anadium and niobium nitrides were scarce in the replicas. B is added to Pλ2 specifically 
to segregate to the surface of carbides to slow coarsening [1], [23], [6λ]. STEM EDS shows incorporation 






Spot 2 – Cr23C6 with partitioned → 
 
Spot 3 – Cr-depleted matrix 
 
(b) 
Figure 6.1 FE-SEM (a) images of As HT Pλ2, with spots of EDS detection indicated. (c) EDS 
spectra of spots 2 and 3 represent a chromium carbide and a chromium-depleted matrix, 
respectively.  
 
Figure 6.3a shows a bright-field image of a thin foil of Pλ2 As HT, and Figure 6.3b shows a 
STEM-HAADF image of a thin foil of Pλ2 As HT. Some carbides are visible along lath boundaries in 
Pλ2 prior to aging (Figure 6.3a), and very thin lines of fine nitrides identified through EDS are visible at 
high magnification (Figure 6.3b).  These nitrides are 5-15 nm and spheroidal; carbides visible in these 
images are primarily 70-120 nm. In both thin foils and extraction replicas, there is a small amount of fine 
M↓ in this alloy.   
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(a) (b) 
     
(c) (d) (e) 
Figure 6.2 (a) TEM bright field and (b) STEM-HAADF of an extraction replica of Pλ2 As HT.  
(c-e) EDS mapping of Cr, C, and B corresponds to STEM-HAADF image in (b).  
  
(a) (b) 
Figure 6.3 For a thin foil of Pλ2 As HT, (a) a bright field image shows lath structure and coarse 
carbides, and (b) a STEM-HAADF image shows coarse carbides and fine nitrides along 
probable lath boundaries. Perchloric acetic electropolishing solution. 
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Figure 6.4a shows a bright-field image of a thin foil of the Pλ2 alloy As HT, with carbides along 
lath boundaries. Figure 6.4c shows STEM-HAADF images of the same condition, with the adjacent EDS 
hypermaps of Cr showing (top) several fine carbides and (bottom) more fine carbides.  Figure 6.4b shows 
a bright-field image of a thin foil of the Pλ2 alloy aged 2,000 h at 650 °C. Coarse precipitates, likely 
Laves or Cr23C6, are prominent and pervasive. Figure 6.4d shows a STEM-HAADF image of the same 
condition, with the adjacent EDS hypermaps of Cr showing significant coarsening of spheroidal 
precipitates along lath boundaries, W alluding to coarsened Laves phase, and Mn partitioning to carbides.  
  









(c)  (d) 
Figure 6.4 Bright-field TEM images of Pλ2 (a) As HT and (b) aged 2,000 h at 650 °C; and 
STEM-HAADF of Pλ2 (c) As HT and (d) aged 2,000 h at 650 °C; with EDS hypermaps 
of predominant elements alongside images. Perchloric acetic electropolishing solution. 
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Figure 6.5a shows a STEM-HAADF image of a thin foil of Pλ2 aged 2,000 h at 650 °C, with 
several identified precipitates indicated, identified from observation of EDS spectra in Figure 6.5b. These 
point spectra were interpreted as suggestive of chromium carbides, Laves phase, and niobium and 






Fe2→ (Laves) ↑N 
(b) 
Figure 6.5 TEM (a) HAADF image of a thin foil of Pλ2 aged 2,000 h at 650 °C and (b) energy-



















 P92 – Precipitate Partitioning in Thermomechanically Processed Samples 6.2
Precipitation was studied on the smallest scale using atom probe tomography (APT) on Pλ2 
thermomechanically processed at 450 °C; recall, this is the condition leading to highest ↑ickers 
microhardness. Figure 6.6a-b show TEM images of the Sample #1 tip before and after evaporation; the 
large contrast evident in Figure 6.6b is due to carbide formation. Figure 6.6c shows a 1D concentration 
profile to either side of the M23C6 particle, whose isoconcentration surface is highlighted in Figure 6.6d, 
evaporated during this run.  Partitioning of →, Mo, Mn, ↑, B, Nb into the carbide is evident, while O 






Figure 6.6 Pλ2 TMP450 sample with chromium carbide at a boundary. (a) TEM before and after 
(overlayed), (b) dark-field TEM before APT shows high-contrast carbides, (c) 1D 
concentration profile across matrix/carbide boundary shows elemental partitioning, and 
(d) isoconcentration surface of chromium used for 1D  profile. 
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Figure 6.7a shows TEM images of the Sample #2 tip before and after evaporation; note that a 
grain boundary was captured within this volume. Figure 6.7b shows the vanadium carbonitride size 
distribution found along this boundary, as measured with ImageJ, with the atom probe recreation image 
inset.  For comparison, size distribution as analyzed with SA↓S is provided in Figure 6.7c. Full SA↓S 
results are provided in Section 6.8. It is evident that the small window of sizes measurable in APT 






Figure 6.7 Pλ2 TMP450 sample with vanadium nitrides at a boundary. (a) TEM before and after 
(overlayed), (b) precipitate size distribution as measured with ImageJ from atom probe 
image (inset), and (c) precipitate size distribution as measured with SA↓S. 
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 LC – Evolution of the Microstructure 6.3
A dark-field image of an extraction replica of LC As HT is shown  in Figure 6.8a, and a weak two 
beam condition targeting M↓ precipitates for the same condition is shown in Figure 6.8b. The larger 
precipitates are likely Cr23C6, due to their large size. There appear to be small M↓ precipitates in dark 
field due to diffraction contrast. Due to tilting constraints on the CM200, tilting farther than 15° in any direction was not possible, which made it difficult to find a low index zone axis on small precipitates. 
Chromium was identified, which supports the identification of the larger precipitates as Cr23C6. A 
histogram of the sizes of M↓ precipitates found in these conditions is plotted in Figure 6.8c. According to 
TEM, M↓ precipitates are spheroidal and generally fall into the range of 5-20 nm in diameter.  As 
described further in Section Figure 6.8, this alloy exhibited a size distribution with the majority of 
precipitates in the 15-25 nm range when characterized using small-angle x-ray scattering. 
Figure 6.λa shows a bright-field image of a thin foil of the LC alloy As HT; there is little 
evidence of precipitation in this image. Figure 6.λc shows STEM-HAADF images of the same condition, 
with the adjacent EDS hypermaps of ↑ showing (top) a few coarse ↑N precipitates and (bottom) speckles 
of intensity representing fine ↑N precipitation. Neither carbides nor Laves phase were evident in STEM 
analysis of this condition.  
Figure 6.λb shows a bright-field image of a thin foil of the LC alloy aged 2,000 h at 650 °C. 
Coarsened precipitates, likely M23C6 or Laves, are prominent and pervasive. Figure 6.λd shows two 
STEM-HAADF images of the same condition, with the adjacent EDS hypermaps of (top) Cr showing 
formation and coarsening of spheroidal precipitates and (bottom) ↑ showing a thin line of ↑N 
precipitates. Chromium carbides are only visible in this aged condition, suggesting they are present only 
as very fine carbides or have yet to begin forming in the As HT condition. ↑anadium nitrides, while 
evident only to a very small extent in the As HT condition, have coarsened to form a small line of still 
fine (compared to chromium-based precipitates) nitrides along what is likely a martensite lath boundary. 
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Figure 6.8 LC 1050/6λ0μ (a) dark field extraction replica, diffraction patterns inset, where the larger 
precipitates is likely Cr23C6, with the smaller M↓ precipitates visible in dark field due to 
diffraction contrast, (b) thin film weak two-beam condition, and (c) precipitate size 
distributions collected from these images. Nonspherical sizes were determined by 
averaging the long and short tangents. 
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(c) (d) 
Figure 6.λ Bright-field TEM images of LC (a) As HT and (b) aged 2,000 h at 650 °C; and 
STEM-HAADF of LC (c) As HT and (d) aged 2,000 h at 650 °C. EDS hypermaps of 






 0Nb – Macroscale Observations of 0Nb Heat #2 As Received 6.4
Figure 6.10 shows a photograph of the second received heat of 0Nb. This second heat of 0Nb 
exhibited macropores visible without additional magnification. The average observed pore diameter was 
1.27 mm with an aspect ratio of approximately 1.7, across roughly one-third of the surface of this section. 
This level of porosity in Heat #2 suggests the existence of some level of microporosity in Heat #1 of 0Nb. 
 
Figure 6.10 Photograph showing macropores visible in the second heat of 0Nb. The average pore size 
was determined to be 1.27 mm with an aspect ratio of 1.7. 
 0Nb – Evolution of the Microstructure 6.5
Figure 6.11a shows a bright-field image of a thin foil of the 0Nb alloy As HT. Figure 6.11b 
shows a bright-field image of a thin foil of the 0Nb alloy aged 2,000 h at 650 °C. Precipitates are not 
distinctive in the As HT structure but significant quantities of carbides and Laves phase are highly evident 
in the aged microstructure at the same scale. The size of these aged precipitates is predominantly between 
200 and 400 nm, with some precipitates as large as 600 nm. 
Figure 6.11c shows a STEM-HAADF image of the As HT condition, with the adjacent EDS 
hypermap of ↑ suggesting fine precipitation of ↑N, alongside what is either a line of tiny spherical 
precipitates, or multiple acicular precipitates, along what may be a lath boundary. The width of this line in 
the As HT sample is approximately 40 nm. Figure 6.11d shows a STEM-HAADF image of the 2,000 h 
λ1 
aged condition, with the adjacent EDS hypermap of ↑ showing an increased width of a line of ↑N 
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(c) (d) 
Figure 6.11 Bright-field TEM images of 0Nb (a) As HT and (b) aged 2,000 h at 650 °C; and 
STEM-HAADF of 0Nb (c) As HT and (d) aged 2,000 h at 650 °C. EDS hypermaps of 




 Comparing P92, LC, and 0Nb Aging Responses 6.6
Benchmarks of microstructural features were acquired using STEM-HAADF in conjunction with 
EDS to examine precipitation evolution representative of major changes in properties. In Chapter 7, 
mechanical properties are presented, with one of the parameters used for measurement being the Larson-
Miller Parameter (LMP), which is most useful in that it combines time and temperature data for a more 
full analysis of the dependence of mechanical properties on aging conditions; the LMP is calculated using 
Equation 6.1. LMP is plotted against ↑ickers microhardness to assess trends in hardness for the varied 
times and temperatures. 
Larson-Miller Parameterμ 
 LMP =  [ ] ∗  log   [ ] +   6.1 
An aging condition of 1,000 h at 650 °C correlates to a time-temperature of 21,200, which is the condition 
just before a significant loss in hardness in Pλ2 and LC, and just after the drop-off in strength in the 0Nb 
alloy. An aging condition of 2,000 h at 650 °C correlates to a time-temperature of 21,500, which is the 
condition showing the most noticeable depreciation in microstructure strength in the Larson-Miller plot.  
6.6.1 Assessing Microstructural Evolution through FE-SEM  
FE-SEM images of Pλ2, LC, and 0Nb aged 1,000 h at 650 °C are presented in Figure 6.12, from 
low-magnification (2x) to high-magnification (40x). Coarser precipitation is evidenced in the Pλ2 alloy; 
this is especially clear in the 10kx magnification. Lines of fine spheroidal precipitates or, alternatively, 
fine acicular precipitates, are visible in the LC and 0Nb alloys. These lines are visible at as low 
magnification as 5kx but are significantly clearer at 10-40kx. These lines vary from approximately 30 nm 
to as many as 100-200 nm in width and likely represent nitrides.  
 
λ3 
   
   
   
   
   
(a) (b) (c) 
Figure 6.12 FE-SEM secondary electron images of (a) Pλ2, (b) LC, and (c) 0Nb, aged 1,000 h at 
650 °C, at magnifications of 2kx, 5kx, 10kx, 20kx, and 40kx, from top to bottom. Etched 




6.6.2 Comparing Microstructural Evolution through TEM 
The lath martensite structure destabilizes upon long-term aging. Figure 6.13a shows a STEM-
HAADF image of a thin foil of Pλ2 aged 2,000 h at 650 °C. Figure 6.13b shows a TEM bright-field 
image of LC aged 2,000 h at 650 °C, and Figure 6.13c shows a TEM bright-field image of 0Nb aged 
2,000 h at 650 °C. The lath structure in all conditions has begun to recover compared to the As HT 
condition. Dislocation cells appear to be in the process of forming in the LC alloy. Remnants of the lath 
structure are still visible in Pλ2 and LC, with the structure being significantly recovered in the 0Nb alloy. 
This finding corresponds well to dislocation density discussed later in Section 6.7.1, where dislocation 
density is highest in Pλ2, followed by LC, and lowest in 0Nb, each of these dislocation densities 
decreasing significantly upon aging to 2,000 h. At 2,000 h aging, additionally, the microhardness of each 
of these conditions decreases significantly (Section 7.3). 
   
(a) (b) (c) 
Figure 6.13 STEM-HAADF image of (a) Pλ2 and TEM images of (b) LC and (c) 0Nb, each aged 
2,000 h at 650 °C.  
6.6.3 Assessing Precipitate Evolution through STEM-HAADF 
Figure 6.14a-c shows representative STEM-HAADF images of thin foils of Pλ2, LC, and 0Nb 
aged 2,000 h at 650 °C with EDS hypermaps of prominent constituents provided below. For Pλ2, aging 
for 2,000 h results in dense precipitation of M23C6 along the lath structure and very coarse Laves phase 
precipitation along major boundaries, as indicated by the high-→ precipitates in the lower right. For aged 
LC and 0Nb, fine precipitation of ↑N is exhibited. M23C6 is scarce in both the LC and 0Nb alloys at this 
λ5 
aging condition, but the high-→ Laves precipitates have coarsened in these alloys as well, as evidenced 
by the large bright spots shown in the very upper center and bottom left corners of Figure 6.14b and near 












(a) (b) (c) 
Figure 6.14 STEM-HAADF of thin foils of (a) Pλ2, (b) LC, and (c) 0Nb, all aged 2,000 h at 650 °C. 
Pλ2 shows significantly more M23C6 while lines of enhanced ↑N and fine spheroidal ↑N 
are evidenced in LC and 0Nb, respectively. Perchloric acetic electropolishing solution. 
Figure 6.15 shows STEM-HAADF images alongside EDS hypermaps for Pλ2 As HT, Pλ2 As HT 
after aging for 2,000 h at 650 °C, 0Nb As HT after aging 2,000 h at 650 °C, LC As HT, LC as HT after 
aging 2,000 h at 650 °C, and LC after aging 10,000 h at 650 °C. Each of the alloys shows limited M↓ 
precipitation in the As HT condition, whereas fine new ↑N precipitates are evident in all of the alloys 
aged for 2,000 h at 650 °C. Lines of fine and likely newly precipitated ↑N were identified along lath 
boundaries in both LC and 0Nb aged 2,000 h at 650 °C. Evidence of fine ↑N precipitation in As HT Pλ2  
(Figure 6.15a) is shown alongside significantly coarsened M23C6 in the 2,000 h aged condition  





Figure 6.15f shows STEM-HAADF of thin foils of the LC alloy aged 10,000 h at 650 °C, where 
EDS hypermaps below highlight high concentrations of →, Cr, and ↑. M↓ in the LC alloys aged 
10,000 h coarsens significantly, as demonstrated by the increase in hot spot sizes of ↑. Also, several 
instances are associated with the transition of M↓ into Z-phase, i.e. Cr is absorbed by M↓ to turn into 
Cr2(Nb,↑)2N2. As the solubility of Cr in M↓ is less than 1%, this increase in Cr at (↑,Nb)N precipitates is 
due to the transition of M↓ into Z-phase. This is evidenced where high concentrations of Cr congregate in 
areas of high ↑ concentration, which is also associated with areas of high → concentration; the reason for 
→ concentrations in these areas is unclear, but could be a result of nearby Laves phase. Upon aging, it is 
clear that precipitates in all alloys coarsen.  
Histograms of the precipitate size distributions are given in Figure 6.16 for Pλ2 As HT, as 
measured in a thin foil (tf) and an extraction replica, and Pλ2 aged 2,000 h at 650 °C from a thin foil, as 
indicated in the figure; the size distributions from the thin foil and extraction replica correlate well. Of 
these precipitates, M↓ nitrides are the finest, while carbides fall in a large range of sizes, and Laves phase 
is generally larger than either carbides or nitrides. Aging clearly correlates to coarsening of precipitates. 
Note that only precipitates smaller than 150 nm were included in this count, as this range provides useful 
data for later calibration of SA↓S results. There are however many precipitates especially in the aged 
conditions that fall well beyond this range; these precipitates are detected in →A↓S, which does not 




Fe Cr  ↑ 
 
 
Fe Cr  ↑ 
 
 
Fe →  ↑ 
(a) Pλ2 As HT (b) Pλ2 +2,000 h (c) 0Nb +2,000 h 
 
 
Cr  N ↑  
 
 
Cr →  ↑ 
 
 
→ Cr  ↑ 
(d) LC As HT (e) LC +2,000 h (f) LC +10,000 h 
Figure 6.15 STEM-HAADF was used to obtain a qualitative comparison of precipitate coarsening as 
a function of time aged at 650 °C. Conditions include Pλ2 (a) As HT and (b) aged 
2,000 h; (c) 0Nb as HT and aged 2,000 h; and LC (d) As HT and aged (e) 2,000 h and 
(f) 10,000 h. Energy dispersive spectroscopy (EDS) hypermaps are provided below each 
HAADF image, where areas containing high concentrations of these elements are 





Figure 6.16 Histogram of size distribution of precipitates, as measured with STEM of thin foils 
except where noted, for Pλ2 As HT vs. Pλ2 Aged 2,000 h at 650 °C. 
 
 Wide- Angle X-Ray Scattering of Aged Samples 6.7
Figure 6.17a-c shows →A↓S peaks as intensity vs. 2θ for Pλ2, LC, and 0Nb aged 500 and 
1,000 h at temperatures ranging from 550 to 700 °C, as indicated in the figure. Fe and M23C6 peaks are 
clearly distinguished.M23C6 peaks are roughly 10x stronger, in terms of maximum intensity, in Pλ2 than 
in LC and 0Nb. Laves phase is only discerned with →A↓S in 0Nb, suggesting large quantities of coarse 
Laves phase in several conditions of the 0Nb alloy. This coarse Laves phase was also present in large 
quantities in TEM, in each of the alloys, but to a greater extent in 0Nb, which is why Laves peaks are only 
identifiable in the →A↓S of long-aged 0Nb. M↓ peaks are distinguishable in several conditions in each 












Figure 6.17 →A↓S peaks for (a) Pλ2, (b) LC, and (c) 0Nb, aged 500 and 1,000 h at temperatures 
ranging from 550 to 700 °C, as indicated. Fe peaks and several M23C6, M↓, and Laves 
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6.7.1 Dislocation Density Determination 
Peak broadening is best measured by full-width-half maximum (F→HM), which is the full width 
of the peak at half of its peak value. For the BCC iron peaks, the peak broadening is correlated to 
increased microstrain, which in turn is related to dislocation density. Figure 6.18 shows dislocation 
densities for Pλ2, LC, and 0Nb aged for 500 to 10,000 h at temperatures from 550 to 700 °C, as indicated 
in the figure. Increasing aging time and temperature leads to decreased dislocation density, with 0Nb 
exhibiting lower dislocation density than LC and Pλ2 but also less of a drop than LC upon higher 
temperature aging conditions.  
 
Figure 6.18 Dislocation densities for Pλ2, LC, and 0Nb as calculated from F→HM values from 
→A↓S using the →illiamson-Hall method. Error bars are λ5% confidence intervals. 
 Small- Angle X-Ray Scattering of Aged Samples 6.8
Small-angle x-ray scattering (SA↓S) data were analyzed with IGOR-Pro and with Nika and Irena 
packages designed for SA↓S analysis at Argonne National Laboratory [4λ].  Figure 6.1λ shows an image 
representative of a summation of 2D intensity values for Pλ2 As HT. For evaluation, these intensities are 
integrated across the entire 360° azimuthal range. An example of a modeling fit of size distribution is 






























































image, in intensity vs. scattering vector (Q), and are fitted with the thick blue line. This line represents the 
model fit (bottom and left axes). Residuals between the data and model are plotted against Q. The 
histogram represents the output of this model, in terms of volume distribution vs. particle diameter (top 
and right axes). Further explanation of the technique for conversion of 2D images to 1D lineouts and 
finally to size distributions is given in Appendix D. 
 
Figure 6.1λ Representative image of SA↓S 2D data, from a summation of SA↓S data for of Pλ2 As 
HT. Intensity values are integrated over the 360° azimuthal range. (color image – see 
PDF copy) 
 
Figure 6.20 Size distributions of precipitates were determined with the IGOR-Pro Irena macro 
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The sample evaluated is:  P92 As HT
Method used: MaxEnt
Number of iterations =5
Volume of scatterers = 7.0109e-05
Mean diameter = 369.9
Median diameter = 292.41
Range of diameters from 10  to 1000  [A]
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Precipitate size distributions of Pλ2 TMP450 were evaluated with atom probe tomography 
(Figure 6.7a) and of LC as heat treated with TEM (Figure 6.21a) and compared to example SA↓S results 
(Figure 6.7b, Figure 6.21b). Comparing multiple datasets allows for a more complete calibration, and thus 
a better model with less error, of the SA↓S data. Calibration considerations mainly involved modifying 
precipitate spheroidal aspect ratio, which skews the modeled distribution left or right. An aspect ratio of 2 
was used in these analyses. 
Atom probe appears to better detect precipitates under 10 nm in size due to resolution constraints, 
whereas SA↓S results begin to identify precipitates over 5 nm in diameter. Atom probe, however, can 
only detect exceptionally small precipitates or, in the case of carbides, only a part of one larger 
precipitate. Extraction replica precipitate analysis shows better congruence to the scale resolvable with 
SA↓S. Nanoscale precipitates observed in LC 1050/6λ0 in TEM show a very similar distribution to that 
seen with the SA↓S models for LC As HT. The LC samples in TEM and SA↓S show median precipitate 
sizes of 11 nm and 8 nm, respectively.  Given that extraction replicas have a higher starting precipitate 
measuring range (approximately 5 nm), the extraction replica results show a right-skew distribution as 
compared to SA↓S results, which have a starting measuring range of 2 nm. 
Figure 6.22a shows volume versus number distribution of scatterers in the 1-100 nm range for 
Pλ2 in the as-heat-treated condition.  Note that while nanoscale particles are not clearly apparent by 
volume fraction, they are much more clearly depicted in the number distribution. SA↓S provides 
information down to a resolution of approximately 2 nm. →hile precipitate number fraction is useful for 
comparison between SA↓S and other counting methods, for strengthening models, volume fraction is a 





Figure 6.21 Carbonitride size distribution as determined through (a) extraction replica image counting 
performed with ImageJ on LC 1050/6λ0 as heat treated, and (b) SA↓S analysis with 
IGOR-Pro® for LC As HT.  
 
 



















↑olumetric size distributions upon aging for the experimental alloys obtained through SA↓S are 
given in Figure 6.23. ↑olume distribution is plotted vs. scatterer diameter, with a reference precipitate 
distribution (shaded) representing that found in Pλ2 As HT. The top row is Pλ2, the second row is LC, 
and the third row is 0Nb; solid lines represent 500 h aging while dashed lines represent 1,000 h aging. 
Significantly less fine precipitation was observed in Pλ2 than the designed alloys, for all conditions but 
especially for lower temperatures. Smaller precipitates are evident in the experimental alloys aged at 
550 °C, according to SA↓S analysis. Coarser precipitation is evident for the 700 °C aging conditions, 
while precipitation in the 10-100 nm range is markedly decreased for the LC condition compared to the 
other aging conditions. The ↑ickers microhardness increase (see Chapter 7, Figure 7.7) of 0Nb over LC at 
700 °C conditions is thus likely due to loss of fine precipitates in the LC condition. This evaluation is 
consistent with the similar dislocation density decreases in all alloys, which in conjunction with loss of 
fine precipitates led to a faster decrease in ↑ickers microhardness in the LC alloy, as compared to 0Nb, 
upon aging. The bimodality, or in some cases, trimodality, of distributions is likely related to coarsening 
of different groups of precipitates, i.e. ↑N vs. NbN vs. Cr23C6 precipitates. 
→ith SA↓S, the types of precipitation could not be differentiated, but sizes between 2 and 70 nm 
were readily distinguishable to within a λ0% confidence interval. Thus, SA↓S was used in conjunction 
with TEM to determine the precipitates that form at the sizes observable in SA↓S. M↓ visible in TEM 
fell predominantly between 5 and 50 nm, while carbides were visible to as small as 30 nm but fell 
predominantly between 70 and 170 nm, i.e. mainly outside the range of SA↓S. This, combined with the 
enhanced contrast of ↑N over Cr23C6, suggests that the majority of the particles found via SA↓S should 
be identified as M↓.  
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(a) 550 °C (Pλ2) (b) 600 °C (c) 650 °C (d) 700 °C 
 
(e) 550 °C (LC) (f) 600 °C (g) 650 °C (h) 700 °C 
 
(i) 550 °C (0Nb) (j) 600 °C (k) 650 °C (l) 700 °C 
Figure 6.23 Size distributions of precipitates as analyzed with SA↓S for Pλ2 (a) aged 500 h at 550 °C, (b) aged 500 and 1,000 h at 600 °C, 
(c) aged 500 and 1,000 h at 650 °C, and (d) aged 500 and 1,000 h at 700 °C. Same aging conditions for (e-h) LC and (i-l) 0Nb.  The 
size distribution of the as heat treated Pλ2 condition is shown in every f igure for reference. (color image – see PDF copy) 
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Figure 6.24a shows volume fraction of nanoscale precipitates observed with SA↓S. Significantly 
more M↓ is present in LC and 0Nb at aging temperatures of 550 and 600 °C up to 5,000 hours of aging; 
at temperatures of 650 and 700 °C, however, the phase percent of M↓ in Pλ2, LC, and 0Nb converge.  
Figure 6.24b shows the median size of precipitates detected by SA↓S. Higher temperature is correlated to 
marked decrease in fine precipitation; this decrease in observed fine precipitation is likely due to the 
coarsening of precipitates beyond the range observable with SA↓S. This coarsening appears to be going 
on concurrently with the precipitation of new fine vanadium and niobium nitrides as indicated by the 
presence of fine precipitates observed in TEM and shown earlier in the size distribution in Figure 6.16.  
Precipitates in Pλ2 appear to be the most coarsening resistant, with this resistance being 
especially notable at temperatures of 650 and 700 °C. Fine precipitates identified with SA↓S in LC and 
0Nb coarsen to a maximum observable average precipitate size (approximately 70 nm) at aging times of 
5,000 h at temperatures of 550 to 650 °C, while they reach this maximum at only 1,000 h at a temperature 
of 700 °C. M↓, and possibly small quantities of initially fine Laves or chromium carbides, in 0Nb and LC 
appear to coarsen slightly faster at 550 and 600 °C, while the median precipitate sizes of LC and 0Nb 
nearly overlap at 650 and 700 °C. The As HT and low-temperature aging conditions correlate both to 
highest dislocation densities and to highest volume fraction of fine SA↓S-visible precipitates. Obviously 
this suggests that the microstructural stability and mechanisms that contribute to this stability are more 
effective at lower temperatures; since 550 and 600 °C are below the current service temperature for Pλ2, 
this stability at these lower temperatures is unsurprising.  The decreased stability of nanoscale precipitates 
in LC and 0Nb aged at 650 and 700 °C suggests that this mechanism of promotion of M↓ precipitates 






Figure 6.24 SA↓S characterization of nanoscale precipitatesμ (a) volume fraction; (b) median size of 









































































Furthermore, consider the trend in precipitation size for 0Nb aged at 650 °C. Dislocation density 
(Figure 6.18) decreased significantly upon aging at 1,000 h and up to 2,000 h, after which this dislocation 
density remained relatively constant up to the ultimate aging time of 10,000 h. This decrease in 
dislocation density when 0Nb is aged from 1,000 to 2,000 h corresponds to an almost doubling in 
precipitate size for the same conditions. Thus, coarsening of nanoscale precipitates appears to be 
qualitatively correlated to destabilization of the martensite dislocation sub-structure and thusly decreased 
dislocation density through recovery of dislocations. The trend applies for the most part to LC as well. 
 Combining Datasets 6.9
Decreased precipitation of carbides was obvious in the LC and 0Nb alloys as compared to Pλ2.  
Recall that in Taneike’s [6] study, less M23C6 precipitation and maintained M↓ precipitation was tied to 
increased creep resistance. It is likely that, instead, the 3 wt% Co in Taneike’s study resulted in the delay 
of dislocation recovery in the low-carbon heats, as the Co successfully balanced out the substructure 
stability lost with the removal of M23C6 without the downside of coarsening seen in the carbides. It is also 
possible that Co incorporated into the carbides as (Cr0.77Co0.15Mo0.08)23C6 and thus led to more coarsening 
resistant precipitates. 
6.9.1 Z-phase Identified in LC Aged 10,000 h at 650 °C 
The LC condition aged 10,000 h at 650 °C correlates to an Larson Miller Parameter (LMP) of 
roughly 23,300; this condition shows a drastic increase in ductility and drop in yield strength that is 
detailed in Chapter 7. Figure 6.25a shows →A↓S intensity vs. 2θ for LC aged 10,000 h as compared to 
LC aged 5,000 h, both aged at 650 °C. The Z-phase peak is only visible in the 10,000 h plot. Figure 6.25b 
shows intensity vs. 2θ for LC aged 10,000 h as compared to Pλ2 and 0Nb aged 10,000 h, again all at 
650 °C. The Z-phase peak is only present in the LC alloy aged 10,000 h at 650 °C. Figure 6.25c shows a 
STEM-HAADF image of a thin foil of the LC alloy aged 10,000 h at 650 °C alongside EDS hypermaps 
of Fe, Cr, Nb, and ↑. The increased Cr at the high-↑ and high-Nb boundary suggest the formation of Z-
phase, Cr2(Nb,↑)2N2, that forms when Cr diffuses to and is absorbed into M↓.  
10λ 
Z-phase was identified in only this one of the roughly 100 conditions evaluated by →A↓S; this 
peak was not observed in LC aged 5,000 h or in either of the other alloys aged 10,000 h.  The formation 
of Z-phase might be related to the increase in nitrogen in the LC alloy, while the removal of Nb in the 
0Nb alloy may have suppressed Z-phase enough that it was not precipitated by 10,000 h in 0Nb. This 
rationale arises from the premise that with increased nitrogen content, more M↓ is available in 0Nb, and 
especially LC, for conversion to Z-phase. 
  
(a) (b) 
 [High-Mag] Fe Cr Nb ↑   
(c) 
Figure 6.25 Z-phase is identified in LC aged 10,000 h at 650 °C. →A↓S intensity vs. 2θ plots are 
provided for (a) LC aged 5,000 and 10,000 h at 650 °C and (b) Pλ2, LC, and 0Nb aged 
10,000 h at 650 °C. STEM-HAADF images alongside EDS hypermaps show (c) the 




 Summary of Microstructural Property Findings 6.10
Alloy design was carried out to minimize M23C6 precipitation while maintaining M↓ 
precipitation and sufficient austenite stability. Nanoscale precipitation was enhanced significantly in the 
LC and 0Nb alloys, with max peak intensity of M23C6 being reduced by a factor of roughly 10x. TEM 
supports the finding of a dense concentration of fine nitrides and a much coarser distribution of chromium 
carbides in LC and 0Nb, suggesting that the alloy design was successful in producing alloys with 
enhanced fine nitride precipitation and diluted chromium carbide precipitation. Microstructural 
characteristics of M↓ outprecipitating M23C6 on lath boundaries matched the microstructure described by 
Taneike et al.[1λ] for λ wt% Cr alloys with reduced carbon levels. The majority of the M↓ in all of the 
alloys coarsens out of the range observable in SA↓S at an aging time of 10,000 hours. At aging 
temperatures of 650 and 700 °C, the M↓ in the designed alloys shows no improvement in coarsening 
resistance as compared to that found in Pλ2. 
Dislocation densities were calculated via the Williamson-Hall method, and showed Pλ2 and LC to 
have somewhat more stable substructures than that found in 0Nb at lower temperature aging conditions. 
The evolution of dislocation density is a measure of recovery, which is affected by precipitation. 
Maintenance of volume fractions of fine M↓ precipitates in alloys aged at 550 °C correlates to high 
dislocation densities. The sharp decrease in dislocation density with increased aging temperature was 
compellingly associated with the coarsening of fine precipitates in the LC and 0Nb conditions. 
  
111 
  CHAPTER 7
MECHANICAL PROPERTIES 
Pλ2, LC, and 0Nb both As HT and aged up to 10,000 h at 650 °C were mechanically tested at RT 
and at the goal service temperature of 650 °C. Tensile testing, ↑ickers microhardness testing, and creep 
testing results for the experimental alloys both As HT and aged are correlated to microstructures. 
 Tensile Properties of Designed Alloys vs. P92 7.1
Tensile engineering stress versus strain curves for Pλ2, LC, and 0Nb as heat treated at room 
temperature (RT) are given in Figure 7.1a, while the curves for As HT at 650 °C are given in Figure 7.1b. 
At RT, Pλ2 exhibits a higher yield strength than LC, which exhibits a higher yield strength than 0Nb. At 
650 °C, Pλ2 and LC behave nearly identically, with the LC alloy showing a slightly increased percent 
elongation. The 0Nb alloy shows decreased yield strength compared to Pλ2 and LC but percent 
elongation comparable to that shown by LC, both at RT and at 650 °C. Percent elongation is lowest in the 
Pλ2 alloy, both at RT and at 650 °C.  
  
(a) (b) 
Figure 7.1 Stress-strain curves for Pλ2, LC and 0Nb in the As HT condition tensile tested (a) at RT 




Figure 7.2 shows fractographs of one of each of the failed specimens in the As HT conditions. 
Fractures are ductile, excepting the cracking in the 0Nb alloy, which may have resulted from stress 
concentration due to microporosity; this mechanism was hinted at when the second heat of 0Nb was 
received and showed macroscale (>1 mm diameter) porosity. 
      
(a) (b) (c) 
Figure 7.2 Fractographs of failed (a) Pλ2, (b) LC, and (c) 0Nb tensile specimens. All observed 
failures were characterized by ductile cup and cone fracture, although 0Nb exhibited 
chipping (indicated with arrow), possibly due to porosity, in several cases. 
Tensile engineering stress versus strain curves for Pλ2, LC, and 0Nb aged for 2,000, 5,000, and 
10,000 h at 650 °C are given in Figure 7.3a, Figure 7.3b, and Figure 7.3c, respectively. Tensile curves for 
650 °C tensile testing of Pλ2 and LC are nearly indistinguishable as heat treated and upon aging up to 
2,000 h. This is despite significant differences in room temperature ↑ickers microhardness, roughly 50 
H↑0.500 as heat treated and 20 H↑0.500 when aged 2,000 h at 650 °C. The As HT condition exhibits by far 
the highest yield strength in every alloy. Yield strength falls off the most after 2,000 h aging, after which 
this strength is either maintained, as for Pλ2 and 0Nb, or continues to decrease as in LC. LC exhibits a 
substantial increase in ductility concurrent with precipitous drop in yield strength upon being aged 
10,000 h at 650 °C.  
↓- and y- values relating to yield strength, tensile strength, and percent elongation were 
interpolated using the Grapher® Digitize feature. Yield strength (YS) is the stress at a 0.2% offset from 
the linear elastic region. Percent elongation was measured as the difference between this strain and the 




   
(a) (b) (c) 
  
(d) (e) (f) 
Figure 7.3 Stress-strain curves for Pλ2, LC and 0Nb tensile tested at 650 °C after being aged at 650 °C for (a) 2,000 h, (b) 5,000 h, and 
(c) 10,000 h. The same curves are plotted for individually for (d) Pλ2, (e) 0Nb, and (f) LC. 
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Figure 7.4 shows ultimate tensile strength, yield strength, percent elongation, and reduction in 
area at 650 °C for Pλ2, LC, and 0Nb as a function of aging time at 650 °C. Total elongation increases 
slightly as yield strength decreases, up to 5,000 h, whereupon Pλ2 and 0Nb maintain ductility up to 
10,000 h accompanied by little change in yield or tensile strength. At 10,000 h aging, LC shows nearly 
double the elongation seen at 5,000 h and half the yield strength. There is insignificant change in 
reduction in area (RA) between Pλ2, LC, and 0Nb aged up to 5000 h; LC exhibits an increase in RA 





Figure 7.4 Tensile testing reveals the effects of aging on (a) ultimate tensile strength, (b) yield 
strength, (c) percent elongation, and (d) reduction in area of the experimental alloys. 
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 Creep Rupture Properties of Designed Alloys vs. P92 7.2
Time to creep rupture at a stress of 150 MPa and a temperature of 650 °C is presented for Pλ2, 
LC, and 0Nb both As HT and as a function of aging time at 650 °C in Figure 7.5a. Both with and without 
aging, the Pλ2 outperformed both designed alloys. Creep results showed a very similar trend as that seen 
in the Larson-Miller Parameter vs. ↑ickers plot presented in Chapter 7, where 0Nb was softer and weaker 
than Pλ2 but lost strength more slowly upon aging, while LC behaved similarly to Pλ2 but its strength 
dropped off precipitously when aged in excess of 5,000 h. In terms of creep, 0Nb is less resistant to creep 
than either Pλ2 or LC except when LC was aged 10,000 h. Pλ2 was most creep resistant of all of the 
alloys. 
 The results from this study are plotted against time to rupture data of Pλ2 alloys found in 
literature in Figure 7.5b. The heat treatment utilized for Pλ2 in this study led to an increase in time to 
rupture as compared to literature values, which is promising. However, it should be recalled that the low 
tempering temperature, while beneficial to creep resistance, can increase the ductile-to-brittle 
transformation temperature [45]. Pλ2 aged 2,000 h at 650 °C still outperformed literature alloys, with Pλ2 
aged 5,000 h finally falling within the trend. LC outperforms literature alloys in the As HT condition, 
suggesting this alloy might substantiate further investigation. The modified heat treatment is likely more 
responsible than any benefit derived from alloy modifications. The creep rupture time of LC falls towards 
the lower end of the general trend at 5,000 h aging; this value overlaps that of the 0Nb alloy As HT. LC 
aged 10,000 h shows by far the lowest creep resistance.  
The increase in time to rupture compared to literature values is most likely due to the lower 
tempering temperature, as (1) LC As HT also outperformed literature alloys and (2) Pλ2 1100/800 (Abe) 
and 1070/760 (Jiang) also fell within the range of Pλ2 processed at the most standard 1050/760. This first 
point suggests the tempering temperature is responsible for improved creep rupture performance, of both 
Pλ2 and LC, while the second point suggests the solutionizing temperature has little effect on this 
performance. However, Li’s 1050/TMP650/650 data suggests the increase solutionizing temperature does 
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have some effect towards increasing creep rupture resistance. Li’s non-TMP 1050/765 dataset was 
significantly less creep resistant than the TMP and low-temperature temper condition, further suggesting 
the potency of low-temperature temp and of TMP in improving creep resistance. 
In Figure 7.6, the reduction in area of the creep specimens is plotted vs. aging time. Generally, 
longer aging time does not significantly affect RA, except for the unaged condition of 0Nb. This low 
ductility could be due to porosity from high nitrogen content (Section 6.3 details porosity observations in 
the second heat of as received 0Nb). It should be noted that unaged 0Nb specimens failed with a 
lengthwise cracking as opposed to the ductile fracturing present in all other conditions, so it appears that 
some sort of preexisting condition existed in these samples. There is no change in creep ductility in Pλ2 
or LC upon aging. 
     
(a) (b) 
Figure 7.5 Creep rupture times of (a) Pλ2-2, LC, and 0Nb at 650 °C and 150 MPa vs. time aged at 
650 °C. (b) Time to rupture is plotted vs. a y-axis of stress for these alloys compared to 
several of the alloys cited earlier in Chapter 2 Literature Review. 
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Figure 7.6 The reductions in area are plotted vs. aging time for creep specimens. 
 
 Microhardness Evolution Upon Aging 7.3
The aging studies provide evidence of thermal stability of the different alloys at temperatures 
surrounding the goal service temperature of 650 °C. Figure 7.7 shows ↑ickers microhardness of the 
different alloys aged for 500 to 10,000 h at temperatures from 550 to 700 °C. These microhardnesses are 
grouped by aging time in Figure 7.8. Pλ2 has the highest hardness for all of the aging conditions tested, 
with the 0Nb alloy showing the lowest strength for most of the conditions up to an aging temperature of 
700 °C. Pλ2 is roughly 20 H↑0.500 harder than LC, which is another roughly 20 H↑0.500 harder than 0Nb. 
The trends in hardness values reflect the elevated temperature creep and tensile properties presented 
earlier. 
The removal of Nb appears to negatively affect the microhardness under all conditions despite the 
augmentation of ↑. The LC alloy is marginally softer than Pλ2 after aging at 600 °C, and upon aging at 
600 °C for 1,000 h reaches nearly the same microhardness as Pλ2 with the same aging treatment and Pλ2 
in the as-heat treated condition. Upon aging at 650 and especially 700 °C, the microhardness of the LC 
alloy drops off precipitously, falling below the strength observed in 0Nb in several conditions. 
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Figure 7.7 ↑ickers microhardness aged 0-10,000 h at (a) 550 °C, (b) 600 °C, (c) 650 °C, and 
(d) 700 °C. Solid lines represent hardness values of non-aged samples. Error bars 
represent λ5% confidence intervals. 
At temperatures of 550 and 600 °C, there is a reproducible and statistically significant increase in 
hardness up to aging durations of 500 to 1,000 h.  Recall SA↓S results showed increased precipitation in 
samples aged 500-1,000 h at 550 and 600 °C, as compared to As HT conditions; this may be responsible 
for the increase in microhardness at low tempering temperatures as compared to the As HT conditions. A 
similar increase in hardness upon initial aging was reported by Guo et al. [70] in Pλ2 tensile specimens 
aged for 200-500 h at 650 °C, with longer aging resulting in yield and ultimate tensile strength dropping 
11λ 
off up to the longest aging time of 5,000 h. The increase in hardness occurred alongside M23C6 coarsening 
and nucleation of Laves phase, where the initial precipitation of fine Laves phase is correlated with the 
initial increase in hardness, which thereafter drops, presumably due to the rapid coarsening of the Laves 
precipitates. Guo et al. correlated the decrease in hardness at aging times in excess of 500 h to coarsening 
of precipitates at prior austenite grain boundaries and subgrain boundaries, with recovery of the 
martensite lath structure also contributing to the loss in hardness at 5,000 h aging. In this study, 
dislocation density is the strongest contributor to performance, although maintenance of fine precipitates 
contributes somewhat to strength. Dislocation density is, however, somewhat dependent on 
microstructural stabilization from precipitates, so this correlation is somewhat tautologous.  
   




 (d) 5,000 h (e) 10,000 h  
Figure 7.8 ↑ickers microhardness of samples aged for (a) 500 h, (b) 1,000 h, (c) 2,000 h, 
(d) 5,000 h, and (e) 10,000 h. Solid lines represent hardness values of non-aged samples. 
Error bars represent λ5% confidence intervals. 







































Figure 7.λ shows a Larson-Miller plot of microhardness (H↑0.500) vs. Larson-Miller 
Parameter (LMP) for all of the aging conditions of each of the alloys, combined. Two stages were 
identifiedμ Stage (I) consists of a fairly constant microhardness, whereas in Stage (II) microhardness 
decreases rapidly at rates of 0.062, 0.0λ2, and 0.041 H↑0.500/LMP for Pλ2, LC, and 0Nb, respectively. 
Pλ2 and LC exhibit similar trends, with Stage II for both alloys beginning at a Larson-Miller Parameter of 
approximately 21,500. The 0Nb alloy begins to soften at a lower LMP of approximately 20,200, although 
it softens significantly slower than either Pλ2 or LC. Note also the slight hump in the LMP plot before the 
downward slope region – these points represent low-temperature and/or low-time aging conditions 
(5000 h or less at 550 °C and 1000 h or less at 600 °C). Recall that this was already linked to an increase 
in fine precipitation alongside nucleation of Laves phase precipitates. 
Tying this behavior to precipitate evolution is complex; although generally lower temperatures 
and shorter aging times lead to enhanced fine precipitation, the LC alloy shows significantly more 
inconsistency of volume fractions with aging time at 650 °C than either of the other alloys. Dislocation 
density falls off and is associated with a massive decrease in strength for LC aged 650 °C at 10,000 h, 
without a clear cause. This is in contrast especially to the trend evidenced by the 0Nb alloy, where volume 
fraction increases with aging time at 650 °C, up to 2,000 h, after which this volume fraction of fine 
precipitates slowly falls off, likely due to precipitation coarsening out of the 1-70 nm observable range. 
The 0Nb alloys appears to be more stable with higher temperature, as the plots in Figure 7.8 showed a 
linear downward trend for 0Nb but a concave downward curve for Pλ2 and LC. If the trend was only in 
Pλ2, this would be evidence of M23C6 coarsening leading to microstructural degradation. But as the LC 
alloy is included in the trend, it seems more likely that this loss in strength is associated with a principally 




Figure 7.λ Microhardness vs. Larson-Miller Parameter for the aging conditions of each alloy. 
Temperature is in °C and time in hours. 
For clarity, Figure 7.10 shows a plot of the Larson-Miller parameter vs. aging time. Temperature 
affects LMP significantly more strongly than aging time. LMP vs. aging time yields a very small slope, 
whereas each 50 °C jump in temperature is associated with a nearly 1,000 increase in the LMP. 
 
Figure 7.10 Larson-Miller Parameter is plotted vs. aging time. 
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 Effects of Thermomechanical Processing  7.4
After the simulated TMP, shape coefficients, calculated from Equations 4.1 – 4.3, were used to 
assess the validity of compression tests; Table 7.1 shows the calculated coefficients and percent 
deviations from programmed strains, i.e. the difference between actual strain and the strain the program 
was commanded to apply, for specimens processed at each TMP temperature. The shape coefficients are 
within normal bounds, i.e. H is well under 0.04, for a successful compression run. Note there was some 
difficulty ascertaining final lengths as tantalum foil and grafoil were stuck to the ends of specimens. 
Table 7.1 – Accuracy of TMP in terms of Actual vs. Programmed Strain and Shape Coefficients 







λ50 -0.7 1.100 1.007 0.001 
850 -0.7 1.083 1.004 0.010 
750 -4.3 1.061 1.005 0.014 
650 -5.2 1.066 1.00λ 0.013 
550 -5.7 1.088 1.008 0.002 
450 -11.7 1.073 1.011 0.013 
↑ickers microhardness was assessed for all samples, including a control specimen of Pλ2-2 that 
was not thermomechanically processed and Pλ2-2 subjected to TMP at 450, 550, 650, 750, 850, and 
λ50 °C, with two samples being processed at λ50 °C under identically programmed conditions, and a 
third where the sample was only austenitized for 10 min instead of the 40 min of austenitization that the 
other samples received. Samples that were normalized for 40 min at 1050 °C and tempered for 1 h at 650, 
6λ0, or 730 °C were included for comparison, as well as samples normalized at 1154, 1174, and 11λ4 °C 
and tempered at 730 °C. A Tukey boxplot of the ↑ickers data is provided in Figure 7.11, where the caps 
at the end represent the maximum and minimum values within 1.5 times the interquartile range of the 
upper and lower quartiles, the box is defined by the lower and upper quartiles, the line in the center of the 
box is the median, and the dots are outliers. For comparison, the hardness values for the “No TMP” 
condition on the left-hand side of Figure 7.11 are due to increases to hardness solely as an effect of 
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modified heat treatment compared to the conditions shown on the right side of the plot. Changes in 
hardness from the “No TMP” condition are due to the TMP step. 
 
Figure 7.11 ↑ickers results for thermomechanically processed Pλ2-2 specimens, as compared to the 
effects of thermal treatments alone. The conditions labeled TMP 450-λ50 were 
austenitized at 1170 °C for 40 minutes, cooled at 5 °C/s to TMP temperature where 50 pct 
reduction was applied, air cooled, and tempered at 670 °C for 2 hours. The “TMP λ50 
(10m)” condition was subjected to the same processing route except it was austenitized 
for only 10 minutes instead of 40 minutes. The “No TMP” condition was austenitized for 
40 minutes, air cooled, and tempered. Samples on the right-hand side were normalized 
for 40 minutes, air cooled, and tempered for 1 hour at the temperatures specified. 
There is little deviation in hardness in the 450-750 °C range. The  significant drop in hardness 
with an increase in TMP temperature beyond 750 °C could be due to recovery, recrystallization, dynamic 
precipitation, or, transformation into ferrite. Above 850 °C is a slight decrease in hardness with increasing 
temperature. The sample that did not receive TMP shows microhardness similar to that of the samples 
processed at 850 °C and above. Higher temperatures could lead to lower hardness by dynamic 
precipitation leading to overaging [16] or by recovery of the microstructure leading to fewer dislocations 




hardenable nature of this material and sluggish transformation kinetics, is that the material is at a high 
enough temperature to exhibit a strain-induced transformation to ferrite. 
A schematic of the metallographic specimen orientation and representative micrographs of 
samples thermomechanically processed under the different conditions are provided in Figure 7.12a and 
Figure 7.12b-i, respectively. Refinement of grains is visible in the TMP samples. There is no immediately 
apparent recrystallization or obvious change in grain size between samples processed under the different 
TMP temperatures.  
   
(a) Orientation (b) TMP 450 (c) TMP 550 
   
(d) TMP 650 (e) TMP 750 (f) TMP 850 
   
(g) TMP λ50 (h) TMP λ50 (10min) (i) Control 
Figure 7.12 Representative light optical micrographs of the thermomechanically processed samples. 
Processing conditions are marked below their respective figures.  
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Figure 7.13 shows the effects of thermomechanical processing on Pλ2, 0Nb, and LC alloys in 
terms of ↑ickers microhardness, with error bars representing λ5% confidence intervals. A crosshatched 
region represents the microhardnesses of different alloys normalized at 1050 °C for 40 m and tempered at 
670 °C for 2 h without a TMP step. TMP increases microhardness in all of the alloys for each of the 
different conditions.  
 
Figure 7.13 ↑ickers microhardnesses of thermomechanically processed samples. Samples are 
designated by alloy, solutionizing temperature, and TMP temperature, in °C. 
Crosshatched areas represent λ5% confidence intervals for hardnesses of the alloys 
without the TMP step. “Tempered” alloys were held at 670 °C for 2 h.  
Recall that hardness was observed to decrease significantly with incrementing aging temperature, 
especially above 650 °C, for Pλ2 and the experimental alloys. This corresponds to a decrease in hardness 
when processed or aged above the tempering temperature and thus, overaging of precipitates appears the 
most likely explanation for decreased hardness at higher processing temperatures. The optimal TMP 
temperature should be selected as sufficiently lower than the tempering temperature to encourage 
Pλ2 
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nucleation of fine precipitates and refine the microstructure. The effect of TMP temperature is less 
pronounced in the LC and 0Nb alloys, likely because these alloys are less rich in the coarser M23C6 phase, 
which is apparently more affected by TMP as more precipitation sites allow these precipitates to more 
finely disperse throughout the microstructure.  Effects of TMP temperature on precipitate volume fraction 
and median precipitate size, as analyzed with SA↓S, are given in Figure 7.14 and Figure 7.15, 
respectively. Little difference is exhibited with respect to precipitate volume fraction between TMP and 
non-TMP samples. Higher TMP temperature appears to induce slightly finer precipitation, except in 
TMP450. This lack of refinement of precipitation alongside the finer crystallite size at the lower TMP 
temperatures suggests that the increase in ↑ickers microhardness notable at low TMP temperatures is 
more likely due to delay of recovery than increased preponderance of fine precipitates. The physical cause 
of this is unclear, as lower TMP temperature would seem more likely to produce finer precipitation; it is 
possible this “trend” is rather an artifact. 
 
Figure 7.14 Precipitate volume fraction as analyzed with SA↓S vs. thermomechanical processing 




Figure 7.15 Median precipitate size as analyzed with SA↓S vs. thermomechanical processing 
temperature for Pλ2, LC, and 0Nb. 
Figure 7.16a-b presents dislocation densities and crystallite sizes, determined through →A↓S, as 
compared to parameters determined for the As HT condition. All thermomechanically processed materials 
showed an increase in hardness, which is strongly correlated to dislocation densities, which in turn is 
correlated to decreased TMP temperature. Dislocation densities are higher in TMP samples than non-
TMP specimens. Crystallite size, which corresponds to the regions of >2° misorientation [71] due to 
martensite subgrain boundaries, is refined in LC and 0Nb TMP conditions but not in Pλ2 TMP conditions 

















Figure 7.16 →A↓S analysis of Pλ2, LC, and 0Nb allows for semiquantitative calculations of (a) 























 Summary of Mechanical Property Findings 7.5
Upon aging, Pλ2 and LC show a significant drop in microhardness at a Larson-Miller Parameter 
(LMP) of 21,500, although the strength in the LC alloy drops off more precipitously. The 0Nb alloy 
begins to soften at a lower LMP of approximately 20,200, although it softens significantly slower than 
either Pλ2 or LC. Tensile testing conducted at 650 °C revealed a similar trendμ LC performs similarly to 
Pλ2 at low aging times, but when aged 10,000 h at 650 °C, the LC alloy shows a dramatic drop in yield 
strength alongside almost double the ductility shown by LC subjected to other aging conditions. This 
trend is also evident in creep testing, where LC aged 10,000 h at 650 °C ruptured almost immediately 
upon loading, the only condition where the analogous 0Nb condition outperformed LC. This dramatic 
decrease in yield strength and creep rupture resistance in LC corresponds to the formation of Z-phase 
observed in this condition.  
Pλ2 has the highest microhardness, yield strength, and creep rupture resistance of the 
experimental alloys. This is in contrast to the 10x increase in creep rupture resistance seen by Taneike et 
al. in a similar system differing from these alloys mainly by an increase in → and the inclusion of 
3 wt% Co [6]. These results suggest that other factors besides focus on M↓ precipitation are important in 
thermal stability and high temperature strength, i.e. perhaps solid solution effects of Co delay martensite 
recovery.  
Thermomechanical processing simulations with the Gleeble® 3500 showed substantial increases 
in microhardness with TMP, with increased hardness strongly correlating to decreased TMP temperature. 
The fundamental reason for higher strength in the TMP conditions is higher dislocation density, as 





  CHAPTER 8
MICROSTRUCTURAL CONTIBUTIONS TO STRENGTH 
Strength in steels is derived from a complex set of interactions including dislocations, 
precipitates, solid solution strengtheners, and lattice friction. For a more complete comparison of modeled 
strength to mechanistic contributors, ↑ickers microhardness values were correlated to room temperature 
(RT) tensile yield strengths by determination of a simple scalar coefficient. These ↑ickers-to-Yield-
Strength conversion factors are given in Table 8.1. 
Table 8.1 – ↑ickers to Yield Strength Conversion Factors, Determined →ith RT Tensile Testing 
 Pλ2 LC 0Nb 
↑ickers Microhardness [H↑0.500] 327 2λλ 2λ0 
Yield Strength [MPa] 854 832 7λ1 
Conversion Factor 2.61 2.78 2.73 
 
 Dislocation Density 8.1
Strengthening from long-range dislocation interaction, as defined by the Taylor hardening model, 
is presented in Equation 8.1. Parameters include a shear modulus G of 80 GPa, a burgers vector b of 
0.248 m, an average Taylor factor M of 2.75, a material constant α of 0.2, and a dislocation density ρ in 
dislocations per square meter.  
 ∆ = Gb M  8.1 
Microhardness versus the square root of dislocation density for alloys aged up to 10,000 h is 
plotted in Figure 8.1, with the majority of the points fitting a linear trend and dashed lines representing 
λ5% confidence intervals for each alloy. Strength per dislocation density is highest for LC, as this line has 
the highest slope (54.6E-7); the next highest slope is found for the 0Nb alloy (48.0E-7), and finally the 
Pλ2 alloy (33.4E-7) shows the lowest dependence of strength on dislocation density. →hile this simple 
linear model fits data to within residual sum of squares values of 0.80 and 0.88, several outliers are 
apparent.  Samples aged at 700 °C fall below the general trendline, while many samples aged at 600 and 
131 
650 °C fall above the trendline. Fewer specimens aged at 550 °C, as compared to those aged at 600 and 
650 °C, exhibited hardnesses per dislocation density that put them outside the λ5% confidence interval. 
Lower hardnesses per dislocation density exhibited by samples aged at 700 °C could be resultant from 
precipitate coarsening, loss of solid solution strengthening, or a combination of both.  
                  
Figure 8.1 Microhardness vs square root of dislocation density for alloys aged up to 10,000 h. 
Dotted lines represent λ5% confidence intervals. 
 
Figure 8.2 shows the strengthening obtained as a result of dislocation density for each of the 
alloys under each of the aging conditions. Strengthening from dislocation density decreases drastically 
with an increase in aging temperature and is less heavily dependent on time. The dislocation substructure 
is maintained by fine precipitates and solid solution strengtheners scattered throughout the matrix, but 
upon enough time at temperature, all microstructures become destabilized. 
0 2 4 6





- Fit for LC -
H↑0.500 = 54.6E-7 √ρD + λ5
R2 = 0.7λ
- Fit for P92 -
H↑0.500 = 33.4E-7 √ρD + 1λ1
R2 = 0.81
- Fit for 0Nb -




Figure 8.2 Strength resultant from dislocation density for the experimental alloys under the aging 
conditions noted.  
 
 Precipitate Strengthening  8.2
The contributions to yield strength from Orowan bowing were calculated using the Ashby-
Orowan Equation 8.2. ↑olume fraction is denoted by f, diameter is represented by X, in µm, and Δσy is the 
increase in yield strength from this mechanism, in MPa.  
 ∆ = .8 . ln .  x  8.2 
Figure 8.3 shows the calculated contributions to yield strength from Orowan bowing around 
nanoscale M↓ precipitates for Pλ2, LC, and 0Nb for the conditions indicated. →hile F→HM from →A↓S 
showed Pλ2 and LC have significant strengthening from dislocation density, SA↓S precipitate volume 
fraction and size distributions show similar strengthening resultant from M↓ precipitation in all the 
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Figure 8.3 Cumulative strengthening effects to Pλ2, LC, and 0Nb alloys from Orowan bowing 
around M↓ precipitates.  
Further strengthening is however possible from nanoscale precipitation derived from deforming 
shearable particles, such as extremely fine (less than approximately 3 nm) niobium and vanadium 
carbonitrides [72], and from additional Orowan bowing around precipitates larger than 70 nm, i.e. beyond 
the range of →A↓S. However, the precipitates that fall into this range are <3 nm; this means that the 
majority of precipitates in the measurable range are those that can only be bypassed through Orowan 
bowing. 
 Solid Solution Strengthening 8.3
Contributions to strength from solid solution strengtheners [73] are described in Equation 8.3,  
provided in Table 8.2, and are depicted graphically in Figure 8.4.  
 ∆ = 8 N +  . Cr +  W + 8 Si + Mo + . Mn ∗ 8.3 
The main difference between Pλ2 and the designed alloys in terms of solid solution strengthening 
stems from the addition of Mn as an austenite stabilizer. Note that the contribution of carbon to solid 
solution strengthening is included in dislocation density strengthening. Also, these calculations represent 
the maximum solid solution strengthening that could be present in these alloys, and depreciates upon these 
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Table 8.2 – Contribution of Solid Solution Strengthening for the Individual Alloys 
ASS (ΔMPa/wt%) P92-2 LC 0Nb 
Mn 31.5 13 44 44 
N 5082 51 51 51 
Cr 2.2 20 20 20 
→ 20 36 37 37 
Si 83 7 7 8 
Mo 11 5 5 5 
C ** Included in dislocation strengthening ** [74] 
σ
ss 
(MPa)  156 232 240 
 
 
Figure 8.4 Solid solution strengthening broken down into constituents Mn, N, Cr, →, Si, and Mo. 
 Correlation of Strengthening Mechanisms to Mechanical Properties 8.4
Strong contributors to strength include precipitation strengthening and dislocation density 
strengthening. Contributions of these mechanisms to yield strength are presented in Equation 8.4. 
Dislocation density and precipitate statistics were derived from the wide- and small-angle x-ray scattering 
results presented in Chapter 6. In Figure 8.5, strengthening from these mechanisms is plotted against yield 
strength extrapolated from ↑ickers microhardness (open circles) using microhardness-to-yield-strength 














determined through comparison of yield strengths measured from room temperature tensile curves of the 
As HT samples to microhardness values of these same conditions.   
 = +   
 = Gb M + ∑ .  . ln .  8.4 
Pλ2 strength is reflected accurately by dislocation and precipitate strengthening mechanisms at 
550 °C, and, to a lesser extent 600 °C aging. At higher temperatures the summation of dislocation 
strengthening and precipitation strengthening diverges further from the measured microhardness, 
suggesting other strengthening mechanisms, such as solid solution strengthening, are weakening. The 
strength achieved at higher temperatures thus likely arises from other mechanisms, e.g. precipitation 
strengthening not observable within the ranges of →A↓S or SA↓S and strengthening resultant from other 
precipitates such as Laves phase that were not present in sufficient quantities to quantify with →A↓S. 
Another contributor could be a grain size strengthening effect as dislocation density decreases and 
recovery of the martensite microstructure occurs. 
A similar trend is evident in the LC and 0Nb alloys, where the larger difference between the 
summation of dislocation density and precipitate strengthening is much more severe, owing to the 
decreased volume fraction of M23C6 precipitates. A possible reason for the lower strength in 0Nb 
compared to LC might be the increased preponderance of coarse Laves phase, that was earlier visible in 
→A↓S, taking up solid solution strengtheners in 0Nb. The contributions of precipitate and dislocation 
density fall significantly shorter of measured hardnesses in the 0Nb alloy. 
Possible reasons for deviations between the simplified model and actual microhardnesses includeμ  
(1) strengthening from phases not accounted for, such as Laves phase or Z-phase; (2) strengthening from 
precipitates intermediate in size between observable with SA↓S (1-70 nm) vs. →A↓S (200+ nm); 
(3) interactions between these strengthening mechanisms or between these and additional unaccounted for 
strengthening mechanisms, such as solid solution strengthening and internal friction. 
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 (a) (b) (c) 
Figure 8.5 Strength acquired through dislocation density, M23C6, and M↓ is summed and compared vs. yield strength extrapolated from 
↑ickers microhardness for (a) Pλ2, (b) LC, and (c) 0Nb. Conversion factors for ↑ickers to yield strength were 2.61, 2.78, and 2.73 
for Pλ2, LC, and 0Nb, respectively. Experimental measurements of yield strength estimated with microhardness are shown as 
hollow points. Differences between the strength derived from these mechanisms and the extrapolated yield strengths are displa yed 
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Table 8.3 presents how these aging conditions relate to LMP, which is a function of both the 
aging time (also provided) and temperature (650 °C), as well as how these conditions are reflected in 
microhardness and dislocation density in the LC alloy. There is a significant drop in dislocation density 
and precipitation contributions to strength at 650 °C in the LC alloy. Dislocation density suffers a 
significant loss beyond 1,000 h aging, falling from 3.11E-14 (1,000 h) to 1.18E-14 m-2 (10,000 h). 
Table 8.3 – LMP vs. Microhardness and Dislocation Density in LC Aged at 650 °C 
Time Aged at 







500 20,λ51 288  2.60  
1,000 21,22λ 2λ2 (+ 4) 3.11 (+0.50) 
2,000 21,507 262 (-26) 2.81 (+0.20) 
5,000 21,874 216 (-72) 1.81 (-0.7λ) 
10,000 22,152 167 (-121) 1.18 (-1.42) 
For clarity, the Larson-Miller plot for only the LC alloy is presented in Figure 8.6 with times 
corresponding to the aging temperature of 650 °C being specifically pointed out. LMP’s of 20,λ51 
(LC 500h) and 21,22λ (LC 1,000h) for LC correspond to the end of the plateau region of Stage I. LMP 
values of 21,507 (LC 2,000h) and 21,874 (LC 5,000h) signify the rapid deterioration of the dislocation 
substructures, as evidenced by the drop in dislocation density to 1.18 m-2/107. At 10,000 h aging at 
650 °C, the microhardness of the LC alloy has decreased to half of the original microhardness. 
 
Figure 8.6 Larson-Miller plot of ↑ickers microhardness vs. LMP, for only LC, with all aging times 
pointed out for the aging temperature of 650 °C. 
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  CHAPTER 9
SUMMARY & CONCLUSIONS 
A low-carbon approach to improving creep resistance beyond that of the Pλ2 alloy was 
addressed. The increased M↓ precipitation and maintained or decreased M23C6 precipitation was 
proposed by Taneike et al. [6]to be responsible for a large increase in creep resistance in a similar carbon-
varied Pλ2-like steel system. This work shows that other factors besides inclination towards M↓ over 
M23C6 precipitation are important in generating thermal stability and high-temperature strength, e.g. 
perhaps the synergistic solid solution effects of Co and → delay martensite recovery when present 
alongside decreased carbon content. Regarding the questions that drove this research, the following 
conclusions have been reached based on the Research Questions presented in Chapter 1μ 
 
 Research Question 1μ  Can MX precipitation be enhanced while M23C6 precipitation is 9.1
reduced through modifications in alloying and processing in high chromium F/M steels? 
ThermoCalc® was useful for both modeling relative precipitation and, to a somewhat lesser 
extent, identification of solutionizing temperatures. SA↓S in conjunction with STEM and APT 
show enhanced M↓ precipitation and decreased chromium carbide precipitation in LC and 0Nb 
compared to Pλ2. Alloy design was carried out to minimize M23C6 precipitation while 
maintaining M↓ precipitation and sufficient austenite stability. Based on the results of this work, 
it is not clear that minimizing M23C6 should be considered an attractive approach. 
→hile ThermoCalc® was useful for both modeling solutionizing temperatures, further studies better 
identified Tγ-δ through optical microscopy of an array of heat treatments. Dilatometry showed 
ThermoCalc® modeling was relatively close to correctly identifying the A3 temperatures for the alloys 
and underestimates A1 by 20-40 °C for these alloys. A1 and A3 temperatures for the Pλ2 alloys were 
approximately 830 and λ00 °C, respectively, while for the experimental LC and 0Nb alloys these 
temperatures were 7λ0 and λ00 °C, respectively. The Ms temperatures were also found to be significantly 
higher for the designed alloys, at 420 °C for LC and 450 °C for 0Nb, as compared to 360 and 375 °C for 
13λ 
the Pλ2 alloys. Based on computational and experimental analysis of heat treatments, the following heat-
treatments (As HT) were selectedμ 
   P92μ Normalization at 1170 °C for a duration of 40 min, followed by tempering at 670 °C for 2 h 
   LC/0Nbμ Normalization at 1050 °C for a duration of 40 min, followed by tempering at 670 °C for 2 h 
 
 Research Question 2μ  Does promoting MX over M23C6 benefit high-temperature 9.2
mechanical properties and microstructural stability in high chromium F/M steels?   
Elevated-temperature quasistatic tensile testing and creep rupture testing showed equal or lesser 
thermal stabilities in the designed alloys. A dramatic decrease in yield strength and creep rupture 
resistance in LC aged 10,000 h at 650 °C corresponds to the formation of Z-phase observed in 
this condition. 0Nb aged 10,000 h did not exhibit either this loss of yield strength or any evidence 
of Z-phase, but still showed significantly weaker high-temperature strength than the base Pλ2 
alloy. The 3wt% Co or the 3 wt% → in Taneike’s low-carbon alloys (compared to 0.0 and 1.8 
wt%, respectively, in Pλ2) likely contributed more significantly to microstructure stability than 
was previously considered.  
In terms of mechanical properties, the thermal stability of LC is greater than that of Pλ2 from 550 to 
650 °C, with the loss of strength upon aging of 0Nb being similar to that of Pλ2 at lower temperatures and 
greater at 700 °C, though hardness remains higher for the Pλ2 condition. LC performs similarly to Pλ2 at 
low aging times, but when aged 10,000 h ruptured almost immediately upon loading; this corresponds 
with the drop in yield strength observed in this condition. The 0Nb alloy is significantly softer than the 
other experimental alloys at lower temperatures and shorter aging times but surpasses LC in 
microhardness when the two are aged at 650 °C for 10,000 h or at 700 °C for more than 1,000 h. Pλ2 has 
the highest microhardness, yield strength, and creep rupture resistance of the experimental alloys.  
This is in contrast to the 10x increase in creep rupture resistance seen by Taneike et al. in a 
similar system differing from these low-carbon alloys mainly by an increase in → and the inclusion of 
3 wt%Co [6]. Other factors besides focus on M↓ precipitation are important in thermal stability and high 
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temperature strength, e.g perhaps solid solution effects of Co or → delay martensite recovery. Cobalt 
provides solution strengthening and a cobalt-rich matrix can undergo short range ordering which would 
also contribute to strengthening. Co can also integrate into M23C6, yielding the more coarsening resistant 
(Cr0.77Co0.15Mo0.08)23C6; it is, however, unclear why cobalt only has this effect in Taneike’s lowest carbon 
condition. 
Upon aging, Pλ2 and LC show a significant drop in microhardness at a Larson-Miller Parameter 
(LMP) of 21,500, although the strength in the LC alloy drops off more precipitously. An LMP of 21,500 
corresponds to a temperature of 650 °C and an aging time of 1,000 – 5,000 h. The 0Nb alloy begins to 
soften at a lower LMP of approximately 20,200, although it softens significantly slower than either Pλ2 or 
LC. Tensile testing conducted at 650 °C revealed a similar trendμ LC performs similarly to Pλ2 at low 
aging times, but when aged 10,000 h at 650 °C, the LC alloy shows a dramatic drop in yield strength 
alongside almost double the ductility shown by LC subjected to other aging conditions. This trend is also 
evident in creep testing, where LC aged 10,000 h at 650 °C ruptured almost immediately upon loading, 
the only condition where the analogous 0Nb condition outperformed LC. This dramatic decrease in yield 
strength and creep rupture resistance in LC corresponds to the formation of Z-phase observed in this 
condition.  
 
 Research Question 3:  How does TMP affect martensitic microstructure, specifically with 9.3
respect to dislocation density and precipitation? 
Lower temperature TMP was linked to enhanced properties, as observed with ↑ickers 
microhardnesses and some observation of increased fine precipitation with SA↓S. The amount of 
fine precipitation observed in SA↓S was similar to that observed for non-TMP conditions. The 
dislocation density was higher for TMP conditions. 
In thermomechanical processing simulations carried out with the Gleeble® 3500, changes in 
microhardness were analyzed as a function of processing temperature and related to alloying in the 
normalized and normalized and tempered conditions. All thermomechanically processed materials 
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showed an increase in hardness, which is strongly correlated to dislocation densities, which in turn is 
strongly correlated to decreased TMP temperature. The differences in hardness are most likely due to the 
differences in dislocation density. 
 
 Research Question 3b:  How does aging affect martensitic microstructure, specifically with 9.3
respect to dislocation density and precipitation? 
Thermal stability of Pλ2 and the experimental alloys was analyzed by aging the alloys for times 
ranging from 500 to 10,000 h at temperatures from 550 to 700 °C. In terms of microstructural 
evolution, nanoscale precipitation was enhanced significantly in the LC and 0Nb alloys, with 
coarse precipitation being reduced by a factor of roughly 10x. A dense concentration of fine 
nitrides and significantly fewer chromium carbides were observed in LC and 0Nb than in Pλ2. 
The alloy design was successful in modeling and facilitating fabrication of alloys with enhanced 
fine nitride precipitation and diluted chromium carbide precipitation. 
Dislocation densities were calculated via the Williamson-Hall method to be remarkably similar among 
Pλ2, LC, and 0Nb of the same aging conditions. Microstructures of Pλ2 and LC are more stable than 0Nb 
upon aging at lower temperatures.  At higher temperatures, LC loses microstructural stability compared to 
the other alloys; this appears to coincide with the appearance of Z-phase in LC aged 10,000 h at 650 °C. 
Pλ2 has the highest microhardness, yield strength, and creep rupture resistance of the experimental alloys. 
This is in contrast to the 10x increase in creep rupture resistance seen by Taneike et al. in a similar system 
differing from these alloys mainly by an increase in → and the inclusion of 3 wt% Co [6]. These results 
suggest that other factors besides focus on M↓ precipitation are important in thermal stability and high 




  CHAPTER 10
FUTURE WORK 
Future work might include the fabrication of low-carbon alloys with the addition of cobalt (for 
nonnuclear applications) and, conversely, additional tungsten to ascertain the true perpetrator of the 
increase in creep rupture resistance that was so promising in Taneike’s low-carbon alloys. A modified 
heat treatment could including an Oil Quench to avoid auto-tempering.  This is in contrast to the standard 
normalizing (air cooling) to room temperature. Laboratory scale TMP could be performed to compare 
against Gleeble® simulations for fuller evaluation of properties, especially creep and tensile responses. 
Comparing thermomechanically processed creep specimens to non-TMP’ed specimens could lead to 
improved long-term microstructural stability. Precipitation modeling with ThermoCalc®-Prisma could 
enable better alloy design in the future as it incorporates a kinetics component. An example of results 
obtainable with Prisma is presented in Figure 10.1. Databases used includeμ TCFE7 (Thermodynamic), 
MOBFE2 (Kinetic). This simple model represents coarsening rates in the LC alloy over the course of 
1,000 h; a dislocation density of 6.5E10 m-2 was assumed for the model. Modelling could allow for better 
determination of coarsening rates, and thus better optimization of alloying. 
  
(a) (b) 
Figure 10.1 ThermoCalc® Prisma predictions for evolution of M↓ in LC in terms of (a) volume 
fraction and (b) precipitate diameter vs. time at 650 °C. 
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  APPENDIX A
IRRADIATION RESISTANCE OF P92 AND THE DESIGNED ALLOYS 
A  
Results from irradiation experiments were obtained at the proton irradiation Ion Beam Materials 
Laboratory (IBML) pelletron tandem accelerator at LANL. Figure A.1a shows penetration depth with 
1.5 Me↑ protons at 300 °C to 0.5 displacements per atom (dpa). Figure A.1b shows changes in hardness 
through this depth. Hardness changes upon irradiation are given in Table A.1. There is little difference 




Figure A.1 (a) Displacement per atom as a function of proton depth as per Kinchin-Pease prediction 
for 1.5 Me↑ protons at 300 °C to 0.5 dpa, and (b) Pλ2 (as received) and Pλ2-1, Pλ2-2, 
LC, and 0Nb (normalized and tempered) are plotted versus depth of irradiation. (color 















Table A.1 – Increase to Hardness of Pλ2 and Designed Alloys upon Irradiation  
Hardness 
Difference (Gpa) Wt% C Mn Nb V N Si Cr Ni Mo W 
0.89 Pλ2-1* 0.08 0.40 0.07 0.20 0.037 
Not modified 
0.72 Pλ2-1 0.08 0.40 0.07 0.20 0.037 
0.60 Pλ2-2 0.10 0.41 0.07 0.20 0.037 
0.74 LC 0.01 1.40 0.08 0.20 0.060 
0.70 0Nb 0.01 1.40 0.00 0.26 0.060 
* As Received (hot rolled at 1050 °C, no temper). 
 
Differences in microstructure as a result of irradiation can be observed in Figure A.2. Grain 
growth, from coalescence of atomic displacements to grain boundaries, and void growth and are the most 
obvious features enhanced by this irradiation.  
 




  APPENDIX B
GLEEBLE® 3500 COMPRESSION FOR TMP SIMULATIONS 
B  
Thermal gradients were acquired for dilatometry specimens and for compressions specimens 
prior to the tests being run. Knowledge of the thermal gradient allows error to be established across the 
sample length. This test was completed for dilatometry specimens and for compression specimens. 
Thermocouples were placed at the center of the 15 mm long compression specimens and λ0 mm long 
dilatometry specimens, and then at 5 and 30 mm from their respective centers. 
 
Figure B.1 Thermal gradient program for Gleeble® 3500.  The program heats the sample to 1170 °C 
at 10 °C/s, holds for 40 min, and cools while recording cooling rate.  Thermocouples 
were placed at the center and at 5 mm in either direction for compression samples 
(30 mm for dilatometry specimens), the thermocouple that the program matches 
temperatures to being the center thermocouple.  
The program for compression simulation of thermomechanical processing at 450C is given in 
Figure B.. Samples are heated to austenitizing temperature and cooled at 5 °C/s to TMP temperature, 
where they are compressed in three passes at a true strain rate of 1.0 s-1 to a true strain of 50% with an 




Figure B.2 Thermomechanical processing program for TMP temperature of 450 °C. 
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(a) (b) (c) 
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(j) (k) (l) 
Figure B.3 Correspondence of program temperature to actual temperatures and pounds force related 
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1050 °C (40 min)  Cool at 5 °C/s to
154 
Bright-field TEM is provided next to STEM-HAADF for Pλ2 thermomechanically processed at 





Figure B.4 For Pλ2 TMP450 thin foil, (a) a bright-field shows limited precipitation, and (b) a 
STEM-HAADF image with EDS hypermaps of elevated chromium concentrations. 




  APPENDIX C
WIDE-ANGLE X-RAY SCATTERING ANALYSIS 
C  
→ide-angle x-ray scattering (→A↓S) at Argonne National Laboratory was conducted using a 
beam 0.1x0.1 mm2 with guard slits 0.2x0.2 mm2 of an energy of 71.676 ke↑ and a wavelength of 
0.172λ7 Å. Parameters from each detector were calibrated to ceria; values are presented in Table C. and a 
screenshot from GSAS-II of the fitted ceria peaks is given in Figure C.. 
Table C.2 – Calibrated Parameters for General Electric Detectors 
 GE1 GE2 GE4 
↓, mm 460.3 440.0 46λ.1 
Y, mm 438.2 431.6 416.7 
Z, mm (distance) 275λ 275λ 275λ 
Tilt Rotation 128.7 λ.227 166.3 
Tilt Angle -0.4λ8 0.λ32 0.28λ 
 
 
Figure C.1 Screenshot from GSAS-II showing successful calibration of ceria. 
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Figure C.2 Representative (a) fit of 1D lineout of intensity vs. 2θ, and (b) Gaussian vs. (c) Lorentzian 
fits of Fe peaks for →illiamson-Hall analysis of crystallite size and dislocation density. 
There exist several ways to analyze texture from →A↓S data.  Comparison of data collected from 
GE1 vs GE2 and GE4 detectors is shown in Figure C.3. Data for panels 2 and 4 should be consistent; data 
for panel 1 may be different if there are direction-dependent strains such as texture. Another way to 
analyze texture is to fit individual 1D Intensity vs. 2θ graphs from 2D images binned by degrees. Fitting 
phases to binned peaks and subsequently refining with spherical harmonics rolling texture, with harmonic 
orders from 8 to 12, can be used to produce pole figures and inverse pole figures for each condition, as 




Figure C.3 Texture analysis from comparing peaks from individual panels; Pλ2 500h-700°C. 
 
   
Figure C.4 Texture analysis from spherical harmonics using GSAS-II; Pλ2 As HT. (color image – 




Table C.3 – Fe Peaksμ Calculations for Aged Pλ2 for →illiamson-Hall Plots 
As HT F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0232 4.878 0.4λ21 0.0610 0.0148 0.0023 
Fe_200 0.0382 6.λ01 0.6λ5λ 0.2850 0.1380 0.0038 
Fe_211 0.0350 8.454 0.8523 0.1180 0.0857 0.0035 
Fe_220 0.03λ4 λ.765 0.λ841 0.0610 0.05λ1 0.0040 
       600 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.01λ7 4.878 0.4λ21 0.0610 0.0148 0.0020 
Fe_200 0.0321 6.λ01 0.6λ5λ 0.2850 0.1380 0.0032 
Fe_211 0.0288 8.454 0.8523 0.1180 0.0857 0.002λ 
Fe_220 0.0320 λ.765 0.λ841 0.0610 0.05λ1 0.0032 
       650 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0185 4.878 0.4λ21 0.0610 0.0148 0.001λ 
Fe_200 0.0275 6.λ01 0.6λ5λ 0.2850 0.1380 0.0028 
Fe_211 0.0243 8.454 0.8523 0.1180 0.0857 0.0024 
Fe_220 0.0271 λ.765 0.λ841 0.0610 0.05λ1 0.0027 
       700 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0151 4.878 0.4λ21 0.0610 0.0148 0.0015 
Fe_200 0.01λ3 6.λ01 0.6λ5λ 0.2850 0.1380 0.001λ 
Fe_211 0.0187 8.454 0.8523 0.1180 0.0857 0.001λ 
Fe_220 0.01λ4 λ.765 0.λ841 0.0610 0.05λ1 0.001λ 
       550 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0204 4.878 0.4λ21 0.0610 0.0148 0.0021 
Fe_200 0.0338 6.λ01 0.6λ5λ 0.2850 0.1380 0.0034 
Fe_211 0.02λλ 8.454 0.8523 0.1180 0.0857 0.0030 
Fe_220 0.0331 λ.765 0.λ841 0.0610 0.05λ1 0.0033 
       600 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.01λ8 4.878 0.4λ21 0.0610 0.0148 0.0020 
Fe_200 0.0316 6.λ01 0.6λ5λ 0.2850 0.1380 0.0032 
Fe_211 0.0277 8.454 0.8523 0.1180 0.0857 0.0028 
Fe_220 0.0324 λ.765 0.λ841 0.0610 0.05λ1 0.0033 
       650 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0181 4.878 0.4λ21 0.0610 0.0148 0.0018 
Fe_200 0.0266 6.λ01 0.6λ5λ 0.2850 0.1380 0.0027 
Fe_211 0.0240 8.454 0.8523 0.1180 0.0857 0.0024 
Fe_220 0.024λ λ.765 0.λ841 0.0610 0.05λ1 0.0025 
       700 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0148 4.878 0.4λ21 0.0610 0.0148 0.0015 
Fe_200 0.0202 6.λ01 0.6λ5λ 0.2850 0.1380 0.0020 
Fe_211 0.0186 8.454 0.8523 0.1180 0.0857 0.001λ 





    
    
Figure C.5 →illiamson-Hall plots for Fe in aged Pλ2. 
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Table C.4 – Fe Peaksμ Calculations for TMP’ed Pλ2 for →illiamson-Hall Plots 
450 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0220 4.878 0.4λ21 0.0610 0.0148 0.0022 
Fe_200 0.0375 6.λ01 0.6λ5λ 0.2850 0.1380 0.0038 
Fe_211 0.0324 8.454 0.8523 0.1180 0.0857 0.0033 
Fe_220 0.0358 λ.765 0.λ841 0.0610 0.05λ1 0.0036 
550 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.022λ 4.878 0.4λ21 0.0610 0.0148 0.0023 
Fe_200 0.0384 6.λ01 0.6λ5λ 0.2850 0.1380 0.003λ 
Fe_211 0.0337 8.454 0.8523 0.1180 0.0857 0.0034 
Fe_220 0.0377 λ.765 0.λ841 0.0610 0.05λ1 0.0038 
650 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0224 4.878 0.4λ21 0.0610 0.0148 0.0023 
Fe_200 0.0377 6.λ01 0.6λ5λ 0.2850 0.1380 0.0038 
Fe_211 0.0332 8.454 0.8523 0.1180 0.0857 0.0033 
Fe_220 0.0372 λ.765 0.λ841 0.0610 0.05λ1 0.0037 
750 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0226 4.878 0.4λ21 0.0610 0.0148 0.0023 
Fe_200 0.0401 6.λ01 0.6λ5λ 0.2850 0.1380 0.0040 
Fe_211 0.0334 8.454 0.8523 0.1180 0.0857 0.0034 
Fe_220 0.0376 λ.765 0.λ841 0.0610 0.05λ1 0.0038 
850 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0212 4.878 0.4λ21 0.0610 0.0148 0.0021 
Fe_200 0.0371 6.λ01 0.6λ5λ 0.2850 0.1380 0.0037 
Fe_211 0.0318 8.454 0.8523 0.1180 0.0857 0.0032 
Fe_220 0.0343 λ.765 0.λ841 0.0610 0.05λ1 0.0034 
λ50 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0210 4.878 0.4λ21 0.0610 0.0148 0.0021 
Fe_200 0.035λ 6.λ01 0.6λ5λ 0.2850 0.1380 0.0036 
Fe_211 0.0313 8.454 0.8523 0.1180 0.0857 0.0031 





   
   
Figure C.6 →illiamson-Hall plots for Fe in thermomechanically processed Pλ2. 
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Table C.5 – Fe Peaksμ Calculations for Aged LC for →illiamson-Hall Plots 
600 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.01λ2 4.878 0.4λ21 0.0610 0.0148 0.001λ 
Fe_200 0.0287 6.λ01 0.6λ5λ 0.2850 0.1380 0.002λ 
Fe_211 0.0273 8.454 0.8523 0.1180 0.0857 0.0027 
Fe_220 0.0302 λ.765 0.λ841 0.0610 0.05λ1 0.0030 
       650 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0182 4.878 0.4λ21 0.0610 0.0148 0.0018 
Fe_200 0.0257 6.λ01 0.6λ5λ 0.2850 0.1380 0.0026 
Fe_211 0.0236 8.454 0.8523 0.1180 0.0857 0.0024 
Fe_220 0.0260 λ.765 0.λ841 0.0610 0.05λ1 0.0026 
       700 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0151 4.878 0.4λ21 0.0610 0.0148 0.0015 
Fe_200 0.0234 6.λ01 0.6λ5λ 0.2850 0.1380 0.0024 
Fe_211 0.0233 8.454 0.8523 0.1180 0.0857 0.0023 
Fe_220 0.01λ3 λ.765 0.λ841 0.0610 0.05λ1 0.001λ 
       550 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0203 4.878 0.4λ21 0.0610 0.0148 0.0020 
Fe_200 0.0326 6.λ01 0.6λ5λ 0.2850 0.1380 0.0033 
Fe_211 0.02λλ 8.454 0.8523 0.1180 0.0857 0.0030 
Fe_220 0.0332 λ.765 0.λ841 0.0610 0.05λ1 0.0033 
       600 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.01λ0 4.878 0.4λ21 0.0610 0.0148 0.001λ 
Fe_200 0.02λ8 6.λ01 0.6λ5λ 0.2850 0.1380 0.0030 
Fe_211 0.0266 8.454 0.8523 0.1180 0.0857 0.0027 
Fe_220 0.02λ6 λ.765 0.λ841 0.0610 0.05λ1 0.0030 
       650 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0180 4.878 0.4λ21 0.0610 0.0148 0.0018 
Fe_200 0.0252 6.λ01 0.6λ5λ 0.2850 0.1380 0.0025 
Fe_211 0.0234 8.454 0.8523 0.1180 0.0857 0.0024 
Fe_220 0.0250 λ.765 0.λ841 0.0610 0.05λ1 0.0025 
       700 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0147 4.878 0.4λ21 0.0610 0.0148 0.0015 
Fe_200 0.0175 6.λ01 0.6λ5λ 0.2850 0.1380 0.0018 
Fe_211 0.0183 8.454 0.8523 0.1180 0.0857 0.0018 





   
    
Figure C.7 →illiamson-Hall plots for Fe in aged LC. 
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Table C.6 – Fe Peaksμ Calculations for Aged 0Nb for →illiamson-Hall Plots 
As HT F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0000 4.878 0.4λ21 0.0610 0.0148 0.0000 
Fe_200 0.0000 6.λ01 0.6λ5λ 0.2850 0.1380 0.0000 
Fe_211 0.0000 8.454 0.8523 0.1180 0.0857 0.0000 
Fe_220 0.0000 λ.765 0.λ841 0.0610 0.05λ1 0.0000 
       600 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0180 4.878 0.4λ21 0.0610 0.0148 0.0018 
Fe_200 0.0252 6.λ01 0.6λ5λ 0.2850 0.1380 0.0025 
Fe_211 0.0235 8.454 0.8523 0.1180 0.0857 0.0024 
Fe_220 0.0254 λ.765 0.λ841 0.0610 0.05λ1 0.0026 
       650 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0158 4.878 0.4λ21 0.0610 0.0148 0.0016 
Fe_200 0.0205 6.λ01 0.6λ5λ 0.2850 0.1380 0.0021 
Fe_211 0.01λ4 8.454 0.8523 0.1180 0.0857 0.0020 
Fe_220 0.0210 λ.765 0.λ841 0.0610 0.05λ1 0.0021 
       700 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0137 4.878 0.4λ21 0.0610 0.0148 0.0014 
Fe_200 0.0164 6.λ01 0.6λ5λ 0.2850 0.1380 0.0016 
Fe_211 0.0168 8.454 0.8523 0.1180 0.0857 0.0017 
Fe_220 0.0174 λ.765 0.λ841 0.0610 0.05λ1 0.0017 
       
       550 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0185 4.878 0.4λ21 0.0610 0.0148 0.001λ 
Fe_200 0.0274 6.λ01 0.6λ5λ 0.2850 0.1380 0.0028 
Fe_211 0.024λ 8.454 0.8523 0.1180 0.0857 0.0025 
Fe_220 0.0281 λ.765 0.λ841 0.0610 0.05λ1 0.0028 
       600 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0177 4.878 0.4λ21 0.0610 0.0148 0.0018 
Fe_200 0.0241 6.λ01 0.6λ5λ 0.2850 0.1380 0.0024 
Fe_211 0.0232 8.454 0.8523 0.1180 0.0857 0.0023 
Fe_220 0.0244 λ.765 0.λ841 0.0610 0.05λ1 0.0025 
       650 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0153 4.878 0.4λ21 0.0610 0.0148 0.0015 
Fe_200 0.01λ5 6.λ01 0.6λ5λ 0.2850 0.1380 0.0020 
Fe_211 0.01λ0 8.454 0.8523 0.1180 0.0857 0.001λ 
Fe_220 0.0202 λ.765 0.λ841 0.0610 0.05λ1 0.0020 
       700 F→HM [2θ] Location  [2θ] K C K2C ΔK 
Fe_110 0.0136 4.878 0.4λ21 0.0610 0.0148 0.0014 
Fe_200 0.0162 6.λ01 0.6λ5λ 0.2850 0.1380 0.0016 
Fe_211 0.0163 8.454 0.8523 0.1180 0.0857 0.0016 





    
    
Figure C.8 →illiamson-Hall plots for Fe in aged 0Nb. 
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Table C.7 – Fe Peaksμ Crystallite Size and Dislocation Density 
Alloy Condition D [nm] α ρ1/2 ρ [m-2] 
P92 As HT 3λ1 0.0088 2.65E+15 
 
500 h 600 °C 321 0.0113 4.36E+15 
  
650 °C 42λ 0.0126 5.42E+15 
 
  700 °C 52λ 0.0087 2.5λE+15 
      
 
1000 h 550 °C 375 0.0155 8.21E+15 
  
600 °C 3λ1 0.0138 6.51E+15 
  
650 °C 42λ 0.00λλ 3.35E+15 
 
  700 °C 474 0.0058 1.15E+15 
      
 
TMP 450 °C 375 0.0174 1.03E+16 
  
550 °C 321 0.0136 6.32E+15 
  
650 °C 346 0.0145 7.18E+15 
  
750 °C 346 0.0165 λ.30E+15 
  
850 °C 360 0.015 7.6λE+15 
  
950 °C 375 0.0174 1.03E+16 
LC           
 
500 h 600 °C 3λ1 0.0105 3.77E+15 
  
650 °C 500 0.0117 4.68E+15 
 
  700 °C 500 0.004λ 8.20E+14 
      
 
1000 h 550 °C 375 0.0128 5.60E+15 
  
600 °C 450 0.0123 5.17E+15 
  
650 °C 413 0.00λ5 3.08E+15 
    700 °C 450 0.0023 1.81E+14 
0Nb As HT 375 0.0082 2.30E+15 
      
 
500 h 600 °C 474 0.01 3.42E+15 
  
650 °C 52λ 0.0045 6.λ2E+14 
 
  700 °C 563 0.0031 3.28E+14 
      
 
1000 h 550 °C 474 0.0126 5.42E+15 
  
600 °C 500 0.00λ4 3.02E+15 
  
650 °C 600 0.007 1.67E+15 
    700 °C 600 0.0028 2.68E+14 
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Table C.8  – M23C6 Peaksμ Calculations for Aged Pλ2 for →illiamson-Hall Plots 
As HT F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0304 4.1633 0.0031 0.1000 0.0176 0.0031 
M23C6_622 0.034λ 6.1768 0.0035 0.1000 0.0388 0.0035 
M23C6_820 0.0365 7.6808 0.0037 0.1000 0.0600 0.0037 
       600 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0267 4.1633 0.4200 0.1000 0.0176 0.0027 
M23C6_622 0.0307 6.1768 0.6230 0.1000 0.0388 0.0031 
M23C6_820 0.0381 7.6808 0.7744 0.1000 0.0600 0.0038 
       650 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0218 4.1633 0.4200 0.1000 0.0176 0.0022 
M23C6_622 0.0316 6.1768 0.6230 0.1000 0.0388 0.0032 
M23C6_820 0.0450 7.6808 0.7744 0.1000 0.0600 0.0045 
       700 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0203 4.1633 0.4200 0.1000 0.0176 0.0020 
M23C6_622 0.0272 6.1768 0.6230 0.1000 0.0388 0.0027 
M23C6_820 0.0351 7.6808 0.7744 0.1000 0.0600 0.0035 
       550 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0302 4.1633 0.4200 0.1000 0.0176 0.0030 
M23C6_622 0.0331 6.1768 0.6230 0.1000 0.0388 0.0033 
M23C6_820 0.0450 7.6808 0.7744 0.1000 0.0600 0.0045 
       600 F→HM [2θ] Location  [2θ] K C K2C ΔK K 
M23C6_420 0.0252 4.1633 0.4200 0.1000 0.0176 0.0025 
M23C6_622 0.0316 6.1768 0.6230 0.1000 0.0388 0.0032 
M23C6_820 0.0435 7.6808 0.7744 0.1000 0.0600 0.0044 
       650 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0232 4.1633 0.4200 0.1000 0.0176 0.0023 
M23C6_622 0.02λ7 6.1768 0.6230 0.1000 0.0388 0.0030 
M23C6_820 0.0425 7.6808 0.7744 0.1000 0.0600 0.0043 
       700 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.01λ8 4.1633 0.4200 0.1000 0.0176 0.0020 
M23C6_622 0.0307 6.1768 0.6230 0.1000 0.0388 0.0031 
M23C6_820 0.0366 7.6808 0.7744 0.1000 0.0600 0.0037 
 
 
Figure C.λ →illiamson-Hall plots for M23C6 in aged Pλ2. 
ΔKAsHT             = . * K C  + . ΔK C, h = . * K C  + .
ΔK C, h = . * K C  + . ΔK C, h = . * K C  + .
ΔK C, h = . * K C  + . ΔK C, h = . * K C  + .
ΔK C, h = . * K C  + . ΔK C, h = . * K C  + .
As HT
°C, h
































Table C.λ – M23C6 Peaksμ Calculations for TMP’ed Pλ2 for →illiamson-Hall Plots 
450 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0275 4.1633 0.4200 0.1000 0.0176 0.0028 
M23C6_622 0.0341 6.1768 0.6230 0.1000 0.0388 0.0034 
M23C6_820 0.0377 7.6808 0.7744 0.1000 0.0600 0.0038 
       550 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0284 4.1633 0.4200 0.1000 0.0176 0.002λ 
M23C6_622 0.0327 6.1768 0.6230 0.1000 0.0388 0.0033 
M23C6_820 0.0407 7.6808 0.7744 0.1000 0.0600 0.0041 
       650 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0276 4.1633 0.4200 0.1000 0.0176 0.0028 
M23C6_622 0.0342 6.1768 0.6230 0.1000 0.0388 0.0034 
M23C6_820 0.0357 7.6808 0.7744 0.1000 0.0600 0.0036 
       750 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0274 4.1633 0.4200 0.1000 0.0176 0.0028 
M23C6_622 0.0328 6.1768 0.6230 0.1000 0.0388 0.0033 
M23C6_820 0.0344 7.6808 0.7744 0.1000 0.0600 0.0035 
       850 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0263 4.1633 0.4200 0.1000 0.0176 0.0027 
M23C6_622 0.0326 6.1768 0.6230 0.1000 0.0388 0.0033 
M23C6_820 0.0344 7.6808 0.7744 0.1000 0.0600 0.0035 
       λ50 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0261 4.1633 0.4200 0.1000 0.0176 0.0026 
M23C6_622 0.0304 6.1768 0.6230 0.1000 0.0388 0.0031 






















ΔK TMP = . * K C  + .
ΔK TMP = . * K C  + .
ΔK TMP = . * K C  + .
ΔK TMP = . * K C  + .
ΔK TMP = . * K C  + .
ΔK TMP = . * K C  + .
16λ 
Table C.10 – M23C6 Peaksμ Calculations for Aged LC for →illiamson-Hall Plots 
600 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0310 4.1633 0.4200 0.1000 0.0176 0.0031 
M23C6_622 0.0366 6.1768 0.6230 0.1000 0.0388 0.0037 
M23C6_820 0.0450 7.6808 0.7744 0.1000 0.0600 0.0045 
650 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0302 4.1633 0.4200 0.1000 0.0176 0.0030 
M23C6_622 0.0376 6.1768 0.6230 0.1000 0.0388 0.0038 
M23C6_820 0.0465 7.6808 0.7744 0.1000 0.0600 0.0047 
700 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0232 4.1633 0.4200 0.1000 0.0176 0.0023 
M23C6_622 0.0361 6.1768 0.6230 0.1000 0.0388 0.0036 
M23C6_820 0.04λ0 7.6808 0.7744 0.1000 0.0600 0.004λ 
550 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0167 4.1633 0.4200 0.1000 0.0176 0.0017 
M23C6_622 0.0250 6.1768 0.6230 0.1000 0.0388 0.0025 
M23C6_820 0.0370 7.6808 0.7744 0.1000 0.0600 0.0037 
600 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0267 4.1633 0.4200 0.1000 0.0176 0.0027 
M23C6_622 0.0336 6.1768 0.6230 0.1000 0.0388 0.0034 
M23C6_820 0.0435 7.6808 0.7744 0.1000 0.0600 0.0044 
650 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0265 4.1633 0.4200 0.1000 0.0176 0.0027 
M23C6_622 0.0312 6.1768 0.6230 0.1000 0.0388 0.0031 
M23C6_820 0.0415 7.6808 0.7744 0.1000 0.0600 0.0042 
700 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0265 4.1633 0.4200 0.1000 0.0176 0.0027 
M23C6_622 0.0312 6.1768 0.6230 0.1000 0.0388 0.0031 
M23C6_820 0.0415 7.6808 0.7744 0.1000 0.0600 0.0042 
 
 
Figure C.11 →illiamson-Hall plots for M23C6 in aged LC. 
 
  
ΔK C, h = . * K C  + . ΔK C, h = . * K C  + .
ΔK C, h = . * K C  + . ΔK C, h = . * K C  + .
ΔK C, h = . * K C  + . ΔK C, h = . * K C  + .



































Table C.11 – M23C6 Peaksμ Calculations for Aged 0Nb for →illiamson-Hall Plots 
600 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0288 4.1633 0.4200 0.1000 0.0176 0.002λ 
M23C6_622 0.0147 6.1768 0.6230 0.1000 0.0388 0.0015 
M23C6_820 0.0225 7.6808 0.7744 0.1000 0.0600 0.0023 
650 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.024λ 4.1633 0.4200 0.1000 0.0176 0.0025 
M23C6_622 0.0152 6.1768 0.6230 0.1000 0.0388 0.0015 
M23C6_820 0.0222 7.6808 0.7744 0.1000 0.0600 0.0022 
700 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0168 4.1633 0.4200 0.1000 0.0176 0.0017 
M23C6_622 0.0147 6.1768 0.6230 0.1000 0.0388 0.0015 
M23C6_820 0.01λλ 7.6808 0.7744 0.1000 0.0600 0.0020 
550 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0344 4.1633 0.4200 0.1000 0.0176 0.0035 
M23C6_622 0.0178 6.1768 0.6230 0.1000 0.0388 0.0018 
M23C6_820 0.0231 7.6808 0.7744 0.1000 0.0600 0.0023 
600 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0262 4.1633 0.4200 0.1000 0.0176 0.0026 
M23C6_622 0.0147 6.1768 0.6230 0.1000 0.0388 0.0015 
M23C6_820 0.0204 7.6808 0.7744 0.1000 0.0600 0.0021 
650 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0173 4.1633 0.4200 0.1000 0.0176 0.0017 
M23C6_622 0.0115 6.1768 0.6230 0.1000 0.0388 0.0012 
M23C6_820 0.01λ0 7.6808 0.7744 0.1000 0.0600 0.001λ 
700 F→HM [2θ] Location  [2θ] K C K2C ΔK 
M23C6_420 0.0131 4.1633 0.4200 0.1000 0.0176 0.0013 
M23C6_622 0.0128 6.1768 0.6230 0.1000 0.0388 0.0013 
M23C6_820 0.0168 7.6808 0.7744 0.1000 0.0600 0.0017 
 
 
Figure C.12 →illiamson-Hall plots for M23C6 in aged 0Nb. 
  
ΔK C, h = - . * K C  + . ΔK C, h = - . * K C  + .
ΔK C, h = - . * K C  + . ΔK C, h = - . * K C  + .
ΔK C, h = . * K C  + . ΔK C, h = . * K C  + .

































Table C.12 – M23C6 Peaksμ Precipitate Size 
      
Alloy Condition D [nm] 
P92   As HT 310 
      
 500 h 600 °C 40λ 
  650 °C 750 
   700 °C 643 
      
 1000 h 550 °C 3λ1 
  600 °C 52λ 
  650 °C 643 
   700 °C 643 
      
 TMP 450 °C 375 
  550 °C 3λ1 
  650 °C 360 
  750 °C 360 
  850 °C 375 
  950 °C 3λ1 
LC       
 500 h 600 °C 360 
  650 °C 3λ1 
   700 °C 6λ2 
      
 1000 h 550 °C 3λ1 
  600 °C 474 
  650 °C 450 
    700 °C 474 
0Nb   As HT   
      
 500 h 600 °C 321 
  650 °C 3λ1 
   700 °C 643 
      
 1000 h 550 °C 250 
  600 °C 346 
  650 °C 600 




Table C.13 – Using IGOR-Pro, F→HM’s for major Fe peaks were examined.  
Herewith crystallite size and dislocation density were determined.  
 




DENSITY  K C >> .  .  .  .  .  .  
theta [deg] .  .  .  .  .  .    . / y-i t  slope    K  >> .  .  .  .  .  .  
[ Peak# ]         D [ ]  α ρ /  ρ [ - ]          
P  - AS RECEIVED .  .  .  .  .  .      .  . E+    dK >> .  .  .  .  .  .  
P  - As HT .  .  .  .  .  .      .  . E+     
.  .  .  .  .  .  
P  -  h C .  .  .  .  .  .      .  . E+     .  .  .  .  .  .  
P  -  h C .  .  .  .  .  .      .  . E+     
.  .  .  .  .  .  
P  -  h C .  .  .  .  .  .      .  . E+     .  .  .  .  .  .  
P  -  h C .  .  .  .  .  .      .  . E+     
.  .  .  .  .  .  
P  -  h C .  .  .  .  .  .      .  . E+     .  .  .  .  .  .  
P  -  h C .  .  .  .  .  .      .  . E+     
.  .  .  .  .  .  
P  -  h C .  .  .  .  .  .      .  . E+     .  .  .  .  .  .  
P  -   h C .  .  .  .  .  .      .  . E+     
.  .  .  .  .  .  
P  -   h C .  .  .  .  .  .      .  . E+     .  .  .  .  .  .  
P  -   h C .  .  .  .  .  .      .  . E+     
.  .  .  .  .  .  
P  -   h C .  .  .  .  .  .      .  . E+     




Table C.14 – Fe Reflections List 
        Structure Factor 
 
h k l Multiplicity d-space 2-theta wid F**2 Percent of Max F**2 
 
1 1 0 12 2.03 4.8λ 0.01877 5827 100.00% 
 
2 0 0 6 1.43 6.λ2 0.01λ54 5541 λ5.0λ% 
 
2 1 1 24 1.17 8.48 0.02016 5027 86.28% 
 
2 2 0 12 1.01 λ.7λ 0.0207 1488 25.54% 
 
 
Table C.15 – M↓ Reflections List 
 
h k l Multiplicity d-space 2-theta wid F**2 Percent of Max F**2 
 
1 1 1 8 2.54 3.λ0 0.01841 8 0.64% 
 
2 0 0 6 2.20 4.51 0.01863 1172 100.00% 
 
2 2 0 12 1.56 6.37 0.01λ33 55 4.65% 
 
3 1 1 24 1.33 7.48 0.01λ76 38 3.28% 
 
2 2 2 8 1.27 7.81 0.01λ8λ 161 13.76% 
 
4 0 0 6 1.10 λ.02 0.02038 5λ 5.04% 
 
3 3 1 24 1.01 λ.83 0.02071 Fe 
  
 
Table C.16 – M23C6 Reflections List 
 
h k l Multiplicity d-space 2-theta wid F**2 Percent of Max F**2 
 
2 2 0 12 3.75 2.64 0.017λ7 λ78 1.10% 
 
3 1 1 24 3.20 3.10 0.01813 18λ 0.21% 
 
2 2 2 8 3.06 3.24 0.01818 54 0.06% 
 
4 0 0 6 2.65 3.74 0.01836 137 0.15% 
 
3 3 1 24 2.43 4.08 0.01848 48 0.05% 
 
4 2 0 24 2.37 4.18 0.01851 15682 17.63% 
 
4 2 2 24 2.16 4.58 0.01866 3131λ 35.21% 
 
3 3 3 8 2.04 4.86 0.01876 Fe 
 
 
5 1 1 24 2.04 4.86 0.01876 Fe 
 
 
4 4 0 12 1.87 5.2λ 0.018λ2 18λ35 21.2λ% 
 
5 3 1 48 1.7λ 5.53 0.01λ01 7875 8.85% 
 
4 4 2 24 1.77 5.61 0.01λ04 58λ 0.66% 
 
6 0 0 6 1.77 5.61 0.01λ04 3742 4.21% 
 
6 2 0 24 1.68 5.λ2 0.01λ16 20λ7 2.36% 
 
5 3 3 24 1.62 6.13 0.01λ24 3514 3.λ5% 
174 
(Table C.17, continued) 
 
6 2 2 24 1.60 6.20 0.01λ27 6677 7.51% 
 
5 5 1 24 1.48 6.68 0.01λ45 566 0.64% 
 
7 1 1 24 1.48 6.68 0.01λ45 1λ78 2.22% 
 
6 4 0 24 1.47 6.75 0.01λ48 3450 3.88% 
 
6 4 2 48 1.42 7.00 0.01λ58 34 0.04% 
 
5 5 3 24 1.38 7.1λ 0.01λ65 1λ4 0.22% 
 
7 3 1 48 1.38 7.1λ 0.01λ65 35 0.04% 
 
8 0 0 6 1.33 7.48 0.01λ77 71λ0 8.08% 
 
7 3 3 24 1.30 7.66 0.01λ83 22 0.02% 
 
6 4 4 24 1.2λ 7.72 0.01λ86 4838 5.44% 
 
8 2 0 24 1.2λ 7.72 0.01λ86 8λ1 1.00% 
 
6 6 0 12 1.25 7.λ4 0.01λλ5 88λ51 100.00% 
 
8 2 2 24 1.25 7.λ4 0.01λλ5 λ300 10.46% 
 
5 5 5 8 1.22 8.10 0.02001 2λ46λ 33.13% 
 
7 5 1 48 1.22 8.10 0.02001 143λ1 16.18% 
 
6 6 2 24 1.22 8.16 0.02003 1460 1.64% 
 
8 4 0 24 1.1λ 8.37 0.02012 Fe 
 
 
7 5 3 48 1.16 8.53 0.02018 Fe 
 
 
λ 1 1 24 1.16 8.53 0.02018 Fe 
 
 
8 4 2 48 1.16 8.58 0.0202 Fe 
 
 
6 6 4 24 1.13 8.78 0.02028 1456 1.64% 
 
λ 3 1 48 1.11 8.λ3 0.02034 1355 1.52% 
 
8 4 4 24 1.08 λ.17 0.02044 13λ68 15.70% 
 
7 5 5 24 1.07 λ.31 0.0205 123 0.14% 
 
7 7 1 24 1.07 λ.31 0.0205 λλ4 1.12% 
 
λ 3 3 24 1.07 λ.31 0.0205 5642 6.34% 
 
8 6 0 24 1.06 λ.36 0.02052 1λ3 0.22% 
 
10 0 0 6 1.06 λ.36 0.02052 338 0.38% 
 
8 6 2 48 1.04 λ.55 0.0206 8 0.01% 
 
10 2 0 24 1.04 λ.55 0.0206 6 0.01% 
 
7 7 3 24 1.02 λ.68 0.02065 15λ 0.18% 
 
λ 5 1 48 1.02 λ.68 0.02065 1202 1.35% 
 
6 6 6 8 1.02 λ.73 0.02067 Fe 
 
 











Table C.18 – Z-phase Reflections List 
 
h k l Multiplicity d-space 2-theta wid F**2 Percent of Max F**2 
 
0 0 2 2 3.70 2.68 0.017λ8 214 15.λ7% 
 
1 0 1 8 2.81 3.53 0.01828 24 1.82% 
 
0 0 3 2 2.46 4.02 0.01846 70 5.1λ% 
 
1 0 2 8 2.35 4.22 0.01853 12 0.λ2% 
 
1 1 0 4 2.15 4.61 0.01867 1342 100.00% 
 
1 1 1 8 2.06 4.80 0.01874 Fe 
 
 
1 0 3 8 1.λ1 5.18 0.01888 203 15.11% 
 
1 1 2 8 1.86 5.34 0.018λ4 68 5.07% 
 
0 0 4 2 1.85 5.37 0.018λ5 151 11.25% 
 
1 1 3 8 1.62 6.12 0.01λ24 2 0.12% 
 
2 0 0 4 1.52 6.52 0.01λ3λ 1 0.06% 
 
2 0 1 8 1.4λ 6.66 0.01λ44 164 12.26% 
 
0 0 5 2 1.48 6.71 0.01λ46 647 48.22% 
 
2 0 2 8 1.41 7.05 0.01λ6 Fe 
 
 
1 1 4 8 1.40 7.08 0.01λ61 158 11.76% 
 
2 1 1 16 1.34 7.42 0.01λ74 122 λ.08% 
 
1 0 5 8 1.33 7.46 0.01λ76 143 10.68% 
 
2 0 3 8 1.2λ 7.67 0.01λ84 λ48 70.66% 
 
0 0 6 2 1.23 8.05 0.01λλλ 70 5.22% 
 
1 1 5 8 1.22 8.14 0.02003 1λ 1.42% 
 
2 1 3 16 1.1λ 8.33 0.0201 Fe 
 
 
2 0 4 8 1.17 8.45 0.02015 Fe 
 
 
1 0 6 8 1.14 8.6λ 0.02025 230 17.17% 
 
2 2 0 4 1.07 λ.23 0.02047 284 21.18% 
 
1 1 6 8 1.07 λ.28 0.0204λ 5λ0 43.λλ% 
 
2 2 1 8 1.06 λ.33 0.02051 36 2.67% 
 
2 0 5 8 1.06 λ.36 0.02052 27 2.02% 
 
0 0 7 2 1.06 λ.40 0.02053 17 1.24% 
 
3 0 1 8 1.00 λ.88 0.02073 Fe 
 
 
2 1 5 16 1.00 λ.λ2 0.02075 Fe 
 
 




Table C.1λ – Fe2→ Reflections List 
 
h k l Multiplicity d-space 2-theta wid F**2 Percent of Max F**2 
 
1 0 0 6 4.10 2.42 0.0178λ 7743 67.64% 
 
0 0 2 2 3.65 2.72 0.017λλ 4136 36.13% 
 
1 0 1 12 3.57 2.78 0.01801 6λ7 6.0λ% 
 
1 0 2 12 2.72 3.64 0.01832 λ 0.08% 
 
1 1 0 6 2.37 4.1λ 0.01852 3827 33.43% 
 
1 0 3 12 2.0λ 4.74 0.01872 Fe 
 
 
2 0 0 6 2.05 4.84 0.01876 Fe 
 
 
1 1 2 12 1.λ8 5.00 0.01881 Fe 
 
 
2 0 1 12 1.λ7 5.03 0.01883 Fe 
 
 
0 0 4 2 1.82 5.44 0.018λ8 633 5.53% 
 
2 0 2 12 1.7λ 5.55 0.01λ02 4 0.04% 
 
1 0 4 12 1.67 5.λ5 0.01λ17 58 0.51% 
 
2 0 3 12 1.57 6.33 0.01λ32 81 0.71% 
 
2 1 0 12 1.55 6.40 0.01λ35 40 0.35% 
 
2 1 1 24 1.51 6.55 0.01λ4 38 0.33% 
 
1 1 4 12 1.44 6.87 0.01λ52 Fe 
 
 
2 1 2 24 1.43 6.λ6 0.01λ56 Fe 
 
 
1 0 5 12 1.37 7.22 0.01λ66 471 4.11% 
 
3 0 0 6 1.37 7.26 0.01λ68 845 7.38% 
 
2 0 4 12 1.36 7.28 0.01λ6λ 5 0.05% 
 
2 1 3 24 1.31 7.60 0.01λ81 572 5.00% 
 
3 0 2 12 1.28 7.76 0.01λ87 1078 λ.42% 
 
0 0 6 2 1.22 8.16 0.02003 11447 100.00% 
 
3 0 3 12 1.1λ 8.33 0.0201 Fe 
 
 
2 0 5 12 1.1λ 8.35 0.02011 Fe 
 
 
2 2 0 6 1.18 8.3λ 0.02012 Fe 
 
 
2 1 4 24 1.18 8.41 0.02013 Fe 
 
 
1 0 6 12 1.16 8.51 0.02018 Fe 
 
 
3 1 0 12 1.14 8.73 0.02026 1831 16.00% 
 
2 2 2 12 1.12 8.82 0.0203 40λ 3.57% 
 
3 1 1 24 1.12 8.84 0.02031 84 0.73% 
 
3 1 2 24 1.08 λ.15 0.02043 514 4.4λ% 
 
1 1 6 12 1.08 λ.18 0.02044 168 1.47% 
 
2 1 5 24 1.06 λ.35 0.02051 207 1.81% 
 
2 0 6 12 1.05 λ.4λ 0.02057 186 1.63% 
 
3 1 3 24 1.03 λ.64 0.02063 102λ 8.λλ% 
 
4 0 0 6 1.02 λ.6λ 0.02065 Fe 
 
 
4 0 1 12 1.01 λ.78 0.0206λ Fe 
 
 
1 0 7 12 1.01 λ.83 0.02071 Fe 
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  APPENDIX D
SMALL-ANGLE X-RAY SCATTERING ANALYSIS 
D  
Small-angle x-ray scattering (SA↓S) at Argonne National Laboratory was conducted using a 
beam 0.1x0.1 mm2 with guard slits 0.2x0.2 mm2 of an energy of 71.676 ke↑ and a wavelength of 
0.172λ7 Å. The Pixirad detector was used for SA↓S data detection concurrently with the General Electric 
→A↓S detectors. Glassy carbon was used to calibrate intensity and an Au line standard was used to 
calibrate position; calibration parameters are given in Table D. and Table D.2, respectively. A beam with 
an energy of 71.676 ke↑ and a wavelength of 0.172λ7 Å was used. SA↓S lineouts were integrated over a 
30° azimuth, covering only those orientations which went out to the largest Q on the detector.  
Background was subtracted, accounting for sample transmission. Figure D.1 shows results of (a) 2D and 
(b) 1D results of SA↓S. Figure D.2 shows 1D intensity vs. Q lineouts of TMP’ed Pλ2. 
Table D.1 – Calibration of Intensity with Glassy Carbon 
Order Dtheory [Å] Qtheory, [1/Å] Qmeas, [1/Å] 
1 1388.88 0.00452  0.045 
2 6λ4.44 0.00λ05 0.00λ1 
3 462.λ6 0.01357 0.01355 
4 347.22 0.0180λ6 0.018 
5 277.776 0.02262 0.0226 
Table D.2 – Calibrated Parameters for General Electric Detectors 
 Parameter ↑alue 
↓, pixels 103.5 
Y, pixels 73 
Z, mm (distance) 6510 




    
 
(a) (b) 
Figure D.1 Representative (a) 2D output from SA↓S and (b) 1D lineouts of intensities versus Q.  
(color image – see PDF copy) 
 
 
Figure D.2 Lineouts of intensities versus Q for Pλ2 samples thermomechanically processed at 450, 
550, 650, 750, 850, and λ50 °C, as indicated in plots. Lines represent running averages. 
Peaks in these running averages represent size distribution highpoints. 
 
  
450 °C 550 °C 650 °C 
750 °C 850 °C λ50 °C 
17λ 
SA↓S results were converted from 2D to 1D using the IGRO-Pro Nika package, and were fit to 
size distributions with the Irena package, as shown in Figure D.3.  
 
Figure D.3 IGOR-Pro output fitting intensity vs Q (scatter plot and fit line) to volume distribution 
vs. particle diameter (bar plot). A goodness of fit color bar is presented at the top and 
depicts the repeatability of the fit; trustworthy data is in the green region. (color image – 
see PDF copy) 
SA↓S results for Pλ2 as heat treated are shown in Figure D.4, as volume distribution, cumulative 
size distribution, and cumulative surface area curves vs. scatterer diameter.  
 
Figure D.4 ↑olume distribution, cumulative size distribution, and cumulative surface area curves vs. 
scatterer diameter for Pλ2 as heat treated, analyzed using IGOR-Pro Irena package with 
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Tue, Oct 6, 2015, 5:05:31 PMroot:SAS:ImportedData:mam_csm_wheel2_1820_saxs_lin:R_mam_csm_wheel2_1820_saxs_lin
Method used: NNLS
Number of iterations =200
Volume of scatterers = 4.0689  +/- 2.6959
Mean diameter = 1289.3
Mode diameter = 226.27
Median diameter = 1259.1
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 CumulativeSizeDist curve for μ   Pλ2_1170/670
 CumulativeSfcArea curve for μ   Pλ2_1170/670
Selected data range: 13.339  :  2523.8  [A] 
Data  P92_1170/670
 
Mean = 429.86 Mode = 248.98 [A]
Median = 320.63 FWHM = 322.64 [A]
Number of scatterers = 8.4627e+15 [1/cm3] 
Volume of scatterers = 0.071588 [cm3/cm3] 
Surface of scatterers = 1.178e+05 [cm2/cm3]
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  APPENDIX E
ADDITIONAL TRANSMISSION ELECTRON MICROSCOPY 
E  




























(a)  (b) 
  
(a) (b) 








Figure E.5 STEM-HAADF of thin foil of LC aged 2000 h at 650 °C. Perchloric acetic etch. (color 








Figure E.6 STEM-HAADF of thin foil of LC aged 2000 h at 650 °C. Perchloric acetic etch. (color 




  APPENDIX F
OPTICAL MICROSCOPY FOR IDENITIFCATION OF HEAT TREATEMNTS 
F  
This appendix presents evidence of δ-ferrite temperature via presentation of optical microscopy 
and further reasoning out of heat treatments. 
 
E.1 Experimental Alloy:  P92 
The initial heat treatment was adapted from a combination of those found in literature (see    
Table F.1) while remaining within specification for Pλ2 heat treatments as presented in ASTM 
A335/A335M [55], e.g. normalized at 1040 °C minimum and tempered at 730 °C minimum as a final heat 
treatment.  
Table F.1 – Pλ2 Heat Treatments Identified in Literature 
Solutionize Cool Temper 
 
 
T (°C) Time 
 
T (°C) Time Reference 
1050   air 720 3 h Dudko et al. [75] 
1050   air 750 3 h Dudova et al.  [16] 
1050 30 min -- 780 1 h Jin et al.  [76] 
1070 30 min -- 775 λ0 min Jing et al.  [77] 
1060 20 min -- 780 40 min Gutiérrez et al.  [78] 
1070 45 min -- 780 108 min Saad et al.  [7λ] 
1050 30 min -- 780 1 h Jin et al.  [80] 
1150 1 h water quench 760 3 h Baek et al.  [32] 
1071 3 h -- 760 4 h Jiang et al.  [15] 
 
The initial selected heat treatment was a 40 min normalization at 1050 °C followed by a 2 h 
temper at 750 °C. Microstructures of the Pλ2 long transverse, short transverse, and rolling direction are 






Figure F.1 Optical micrographs at (a) 5x, (b) 10x, (c) 20x, and (d) 50x of the long transverse of a 






Figure F.2 Optical micrographs at (a) 5x, (b) 10x, (c) 20x, and (d) 50x of the short transverse of a 







Figure F.3 Optical micrographs at (a) 5x, (b) 10x, (c) 20x, and (d) 50x of the rolling direction of a 




Figure F.4 Optical micrographs rendered into boxes representative of rolling direction (RD), long 
transverse (LT), and short transverse (ST) at (a) 20x and (b) 50x of a sample of Pλ2 




Optical micrographs of Pλ2 as received, as normalized at 1050 °C, and normalized at varying 


















Figure F.7 Optical micrographs of Pλ2 normalized for 40 min at (a) 1154 °C, (b) 1174°C, and 







E.2 Experimental Alloy:  LC 
Optical micrographs of LC as received, as normalized at 1050 °C, and normalized at varying 
















Figure F.10 Optical micrographs of LC normalized for 40 min at (a) 1050 °C, (b) 1071°C, 
(c) 10λ1 °C, and (d) 1111°C; and tempered for 1 h at 730 °C. 
 
 
E.3 Experimental Alloy:  0Nb 
Optical micrographs of 0Nb as received, as normalized at 1050 °C, and normalized at varying 















Figure F.13 Optical micrographs of 0Nb normalized for 40 min at (a) 1050 °C, (b) 1083°C, 





  APPENDIX G
TEXTURE ANALYSIS THROUGH WAXS AND EBSD 
G  
Texture analysis techniques for →A↓S data are presented in Appendix C. Pole and inverse poles 
figures can be constructed from running binned peak fits through a spherical harmonics rolling texture 
algorithm. Figure G. shows the results of performing texture analysis on the →A↓S data (right), using the 
harmonic order 12, in units of times random, as compared to EBSD (left). Figure G.a-b presents pole 
figures for aged Pλ2 and thermomechanically processed Pλ2, and Figure G.3 shows pole figures for aged 
LC and aged 0Nb. ↑ery limited texture was seen in all of the samples. 
  
Figure G.1 EBSD results for Pλ2 1170/TMP450/670 (left) and →A↓S texture analysis (right) of the 
same sample, in x-random.  The maximum measured with EBSD was 3.3, while 






Figure G.2 Pole figures for (a) aged and (b) thermomechanically processed Pλ2, analyzed with 






Figure G.3 Pole figures for (a) aged LC and (b) 0Nb, analyzed with →A↓S data using GSAS-II. 
(color image – see PDF copy) 
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Something about LC microstructure and comparing on smaller scale than texture as martensite 
can have very fine features, especially in unaged condition. Figure G.4a shows a high-resolution inverse 
pole figure of a sample of LC As HT. Figure G.4b shows a grain boundary rotation angle map with 





Figure G.4 (a) Pole figure and (b) for LC As HT. (color image – see PDF copy) 
204 
Figure G.5a shows a color coded grain average misorientation map, and Figure G.5b shows the 
confidence intervals achieved for this run. The majority (61%) of this data has a CI of over 70% 





Figure G.5 For LC as HTμ (a) average grain misorientation, (b) confidence interval.  
(color image – see PDF copy) 
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  APPENDIX H
ADDITIONAL MATERIAL AND PRELIMINARY MODELLING 
H  
Supplementary material was fabricated after the expenditure of the first slabs of the experimental 
alloy. The compositions of these additional slabs are compared to the initial compositions in Table H., 
below. ThermoCalc® models were constructed for these new compositions are presented in Figure H.6. 
Table H.1 – Chemical Compositions of the Secondary Experimental Alloys 
wt% C Mn Si Ni Cr Mo Nb ↑ N S → O B 
Pλ2-1 0.0800 0.40 0.0λ 0.25 λ.08 0.45 0.07 0.20 0.0370 0.005 1.80 0.005 0.0025 
Pλ2-2* 0.1011 0.41 0.08 0.31 λ.10 0.45 0.07 0.20 0.032λ 0.005 1.7λ 0.005 0.0025 
LC 0.0148 1.40 0.0λ 0.31 λ.16 0.46 0.08 0.20 0.0495 0.005 1.85 0.007 0.0024 
0Nb 0.0130 1.40 0.10 0.32 λ.15 0.46 0.00 0.26 0.0535 0.006 1.84 0.010 0.0024 
Hi-Mn 0.1051 1.38 0.07 0.31 λ.18 0.45 0.07 0.20 0.0481 0.004 1.80 0.010 0.0026 
LC-2 0.0154 1.38 0.08 0.31 λ.17 0.45 0.07 0.20 0.0479 0.004 1.86 0.0λ0 0.0025 
0Nb-2 0.0151 1.39 0.08 0.31 λ.17 0.45 0.01 0.24 0.0567 0.004 1.83 0.010 0.0026 
 
 
Possible utilizations of this additional material include laboratory scale hot rolling and follow-up 
with tensile and creep testing of this now thermomechanically processed material and comparison of 
texture to that achieved with Gleeble® 3500 compression simulations of TMP. ThermoCalc® modeling 





(a) Pλ2 (TCFE7) (b) Hi-Mn 
  
(c) LC-2 (d) 0Nb-2 
Figure H.6 ThermoCalc® results for (a) Pλ2, (b) Hi-Mn, (c) LC-2, and (d) 0Nb-2 in a log scale of 
phase mass percent versus temperature for phases and temperatures relevant to heat 




Mass fractions of phases present in the Pλ2 alloy at temperatures from 500 to 1300 °C are 
presented in Figure H.1Figure H.6a. Phase compositions of M↓, M23C6, and Z-phase as a function of 
temperature, as modeled in ThermoCalc, are presented for Figure H.b-d, respectively. 




Figure H.1 ThermoCalc® phase fractions for Pλ2-1 and relative compositions of (b) M↓, (c) M23C6, 
(d) Z-phase, from TCFE7 database.  (color image – see PDF copy) 
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Figure H.2 shows mass phase percent vs. temperature for Pλ2-2, LC, and 0Nb calculated with the 
TCFE7 database. Z-phase is predicted to fully replace M↓ at equilibrium temperatures below 800 °C for 
all alloys. This incongruence is because the TCFE2 database does not include Z-phase. Z-phase forms 
upon long-term aging, thus its formation is preceded by precipitation of M↓, which is slowly converted to 





Figure H.2 ThermoCalc® results for (a) Pλ2-1, (b) Pλ2-2, (c) LC, and (d) 0Nb in phase percent vs. 




  APPENDIX I
MECHANICAL TESTING DATA 
I  
I.1 Vickers Data 
Data for the Larson Miller plot is provided in Table I.1. The Larson-Miller Parameter 
(T*log(time)+20) is plotted as the x-value against the ↑ickers microhardness y-values.  

























Microhard ess vs. Larso -Miller te perature-ti e para eter T* log ti e +
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Data used for compared Dislocation density against ↑ickers microhardnesses for all aging 
conditions is given in Table I.2.  
 
Table I.2 – Dislocation Density and ↑ickers Microhardnesses, Compared 
 
  Dislocation Density [m-2, 107] ↑ickers Microhardness [H↑0.500] 
Temp [°C] Time [h] P92 LC 0Nb P92 LC 0Nb 
-- As HT 4.λ68 4.734 3.857 327 2λλ 2λ0 
        
550 1000 5.560 3.λ63 3.105 350 324 304 
550 2000 4.208 4.150 3.273 344 311 2λ8 
550 10000 4.266 3.857 3.156 328 301 278 
        
600 500 4.850 3.756 3.283 332 301 2λ1 
600 1000 3.431 3.845 2.632 341 315 285 
600 2000 2.747 2.805 1.578 317 288 260 
600 5000 3.740 3.3λ0 2.513 313 2λ4 25λ 
600 10000 3.331 3.214 2.162 316 2λ8 23λ 
        
650 500 2.8λ8 2.603 1.775 313 288 241 
650 1000 2.514 3.105 2.307 325 2λ2 234 
650 2000 2.747 2.805 1.578 27λ 262 20λ 
650 5000 2.513 1.812 1.753 274 216 210 
650 10000 2.046 1.183 1.403 266 167 206 
        
700 500 1.8λ3 1.λ52 1.301 240 147 176 
700 1000 1.5λ7 2.041 1.035 240 168 187 
700 2000 1.110 0.λλ4 0.λ35 211 146 162 
700 5000 1.16λ 1.753 0.877 218 144 167 




I.2 Tensile Test MetaData 
Data captured through tensile testing conducted at 650 °C and a strain rate of 0.001 s-1 is 
presented in Table I.3. Aging time refers to time in a furnace at 650 °C. 
 
Table I.3 – Metadata from Tensile Tests 
 
Parameter of Interest 
Aging Time [kh] Percent Elongation 
 Pλ2 error Pλ2 LC error LC 0Nb error 0Nb 
0 λ.5 1 10.4 1 10.5 1 
2000 11.8 2 11.4 2 11.λ 2 
5000 15.8 3 15.6 3 16.2 3 
10000 13.8 4 2λ.8 4 12.8 4 
       
 Yield Strength [MPa] 
0 531 15 511 15 448 15 
2000 388 15 376 23 275 20 
5000 363 16 333 85 261 4λ 
10000 337 50 118 15 286 15 
       
 Ultimate Tensile Strength 
0 53λ 15 527 15 465 15 
2000 402 15 3λ8 25 2λ3 20 
5000 367 15 356 85 256 50 




I.3 Creep Rupture Test Data 
Table I.4 provides times to rupture at a stress of 150 MPa and a temperature of 650 °C. Recall 
that the original specimen design callls for a gage ddiameter of 0.188 in and a weight of 30 lbs on the 
mechanically advantaged lever arm to aquire this stress. Table I.5 presents the change in diameter, and 
thus, the change in area upon creep rupture. 
 
Table I.4 – Creep Time to Rupture [h] 
 
Time Aged at 650 °C Pλ2 error Pλ2 LC error LC 0Nb error 0Nb 
0 2855 200 155λ 150 135 30 
5000 2λ5 50 142 25 16 5 
10000 35 10 1 0.1 7 3 
 
 
Table I.5 – Reduction in Diameter, and thus, Area Measurements 
 
Gage Diameter Prior to Creep Rupture Test [in] = 0.188 
    
Time Aged at 650 °C 
Gage Diameter (Post Creep Rupture Test) [in] 
P92 LC 0Nb 
0 0.0λ1 0.0λ5 0.143 
5000 0.084 0.06λ 0.075 
10000 0.06λ 0.0λ4 0.070 
    
Time Aged at 650 °C 
Reduction in Area (Post Creep Rupture Test) [in2] 
P92 LC 0Nb 
0 0.0213 0.0207 0.0117 
5000 0.0222 0.0240 0.0233 
10000 0.0240 0.0208 0.023λ 
 
